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ABSTRACT 
The effect of long term pre-exposure on the corrosion fatigue crack growth rates of low 
alloy steels has been studied in order to provide guidance on the reliability of short term 
testing. Tests were conducted in aerated 3.5% NaCl at a potential of -1100 mV(SCE) 
using a sinusoidal loading wave with a stress ratio of 0.25 and a frequency of 0.167 Hz. 
In order to calculate the pre-exposure periods for the corrosion fatigue tests, the effective 
diffusivity of hydrogen in low alloy steels was measured using the electrochemical 
permeation technique. The diffusivity in BS4360 SOD steel in 3.5% NaCl at a potential 
of -llOOmV(SCE) was 9.7 x 10 " m V compared to 2.0 x 10 m V in 
3.5% Ni-Cr-Mo-V steel. 
Pre-exposure of AISI 4340 for 21 weeks enhanced the corrosion fatigue crack growth 
I 
rates by up to a factor of 7 relative to data from conventional 4 week tests. Pre-exposure 
of 3.5% Ni-Cr-Mo-V steel for 55 weeks increased the crack growth rates by up to a 
factor of 4 relative to results from a conventional 4 week test. There was some 
indication of an effect of pre-exposure on the crack growth rates of BS4360 50D at 
values of AK below 13 MPam^ but the scatter in the data prevented a definitive 
conclusion. 
For certain environmental test conditions, conventional corrosion fatigue tests may 
seriously underestimate crack growth rates in service. The reliability of the data depends 
critically on the exposure time. In conditions for which hydrogen uptake is greater at the 
external surface than at the crack tip, the specimen should be pre-exposed prior to 
testing to allow a steady-state concentration of hydrogen to develop through the 
specimen. 
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1. INTRODUCTION 
Corrosion fatigue is the initiation and propagation of cracks due to the joint 
action of a cyclic load and an environment. The rate of corrosion fatigue crack 
growth depends on mechanical variables, such as the applied stress range and 
frequency of loading, environmental variables, such as composition of 
environment, electrode potential and temperature, and material variables, such 
as yield strength and microstructure. Since crack growth rates depend on so 
many factors it is difficult to predict crack growth rates in service and 
engineering decisions are usually based on data from laboratory tests. 
Corrosion fatigue crack growth rates are strongly dependent on the loading 
frequency and therefore laboratory tests have to be conducted at the same, 
frequency as structures experience in service. Tests at low frequencies may be 
long and therefore expensive. There are considerable benefits if data from short 
I 
term tests can be extrapolated to predict the behaviour of structures in service 
over longer timescales. However, there is significant uncertainty about the 
reliability of this approach when crack propagation is due to absorbed hydrogen 
atoms. Hydrogen atoms can be generated by corrosion, cathodic protection, 
galvanic coupling and welding. The hydrogen atoms are absorbed into the 
metal, diffuse through the material, are localised at microstructural sites and 
enhance crack growth. 
Hydrogen atoms can enter the material at the crack tip, crack walls and the 
external surface of the specimen or structure (bulk charging). Tumbull et aP"^  
have conducted an extensive amount of work to predict the kinetics of 
generation of hydrogen atoms at the crack tip for low alloy structural steels 
cathodically protected in marine environments. The first stage was to measure 
the pH and potential inside a crack\ Scraping electrode measurements were then 
conducted in deaerated 3.5 wt% NaCl over a range of pH and potential values 
corresponding to the conditions measured at the crack tip^. The data were used 
to predict the kinetics of the reactions at the crack tip^. The kinetics of the 
reactions taking place on the crack walls and the external surfaces of the 
specimen were determined using conventional electrochemical techniques^. The 
most significant conclusion from this work was that the cathodic current density 
was greater on the external surface of the specimen than at the crack tip for 
potentials more negative than -900 mV(SCE). The relative importance of 
hydrogen uptake at the external surface and the crack tip depends on the 
applied potential, solution chemistry, cyclic frequency, specimen thickness, 
temperature and coatings. 
The prediction that the external surface can be the main source of hydrogen 
atoms has an important implication for corrosion fatigue testing. A key 
requirement for producing reliable data is that the distribution of hydrogen in 
the test specimen is representative of service conditions. Since laboratory test 
times are usually short in relation to the timescale for diffusion through the 
thickness of the specimen, the crack growth rates measured experimentally may 
be lower than those occurring in service, when there is sufficient time for full 
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hydrogen charging. 
NPL has recently been involved in drafting an ISO standard® for corrosion 
fatigue which makes recommendations about many aspects of testing. However, 
the standard does not include guidance on the test duration because there is 
uncertainty about this aspect of testing. The prediction that the external surface 
can be the dominant source of hydrogen atoms implies that the test time should 
be sufficiently long to allow diffusion of hydrogen through the thickness of the 
specimen. However, there were limited experimental data to support this 
theoretical prediction. 
The aim of this project was to determine experimentally the effect of hydrogen 
uptake at the external surface on corrosion fatigue crack growth rates and to 
provide guidance for corrosion fatigue testing. To achieve this, corrosion fatigue 
tests were conducted with and without long term pre-exposure. An important 
preliminary step was to obtain reliable data for the effective diffusivity of 
hydrogen in steels in similar environmental conditions to the corrosion fatigue 
tests. The electrochemical permeation technique was used to characterise 
hydrogen transport in the materials. 
The materials used in this study were low alloy steels since the original 
prediction by TumbulP of the importance of bulk charging related to these 
steels. The aim of the initial corrosion fatigue tests was to validate that hydrogen 
uptake at the external surface does influence crack growth rates. A high strength 
steel, AISI 4340, was used for these tests because it is very sensitive to the 
concentration of hydrogen atoms. If there was not an effect of bulk charging on 
the crack growth rates of this high strength steel, then it could be assumed that 
bulk charging would not have a significant influence on the crack growth rates 
of lower strength steels. 
Further corrosion fatigue tests were conducted to evaluate the importance of 
hydrogen uptake at the external surface for two lower strength alloys of 
industrial interest. Corrosion fatigue is one of the main causes of failures of 
offshore structures and the steels chosen are used on North Sea platforms. The 
lowest strength steel used was BS4360 SOD which is commonly used offshore for 
jacket structures^. The third steel tested was 3.5% Ni-Cr-Mo-V steel which has 
been used for tension leg platforms^. The yield strength of 3.5% Ni-Cr-Mo-V 
steel is lower than that of AISI 4340 but higher than that of BS4360 50D steel. 
2. REVIEW OF THE LITERATURE ON HYDROGEN TRANSPORT IN LOW 
ALLOY STEELS 
2.1 INTRODUCTION 
The aim of the corrosion fatigue testing was to investigate the effect of hydrogen 
uptake at the external surface on corrosion fatigue crack growth rates. A 
preliminary step was to establish the variation with time of the hydrogen profile 
through the specimen. Therefore, the first stage of the project was to obtain 
reliable data for the effective diffusivity of hydrogen in AISI 4340, BS4360 SOD 
^ d 3.5wt% Ni-Cr-Mo-V steels in similar environmental conditions to the 
corrosion fatigue tests. The hydrogen diffusivity can be measured using the 
hydrogen permeation technique. The principles and theoretical background of 
this test method are outlined below. 
There are two experimental methods commonly used for measuring the 
transport of hydrogen in metals, namely the electrochemical and the gas phase 
permeation techniques. The principle behind the two methods is similar. 
Hydrogen atoms are generated on one side of the metal specimen, diffuse 
through the metal and are detected on the other side. The difference between the 
techniques is the method used for the production and detection of hydrogen 
atoms. The equipment required for the electrochemical technique is simpler and 
cheaper than for the gas phase technique and as a result the electrochemical 
method is used more commonly. The electrochemical permeation technique was 
used in the present study and consequently this chapter is restricted to 
discussion of this method. 
2.2 PRINCIPLE OF THE ELECTROCHEMICAL PERMEATION TECHNIQUE 
The electrochemical permeation technique was first used in 1962 by Devanathan 
and Stachurski®. The specimen is mounted between two cells as shown 
schematically in Fig. 2.1. The charging side of the specimen can be either 
cathodically polarised or at the free corrosion potential. Atomic hydrogen is 
produced by the electrochemical reduction of hydrogen ions or water molecules. 
H- + e - - > H., (1) 
HgO 4. e - ^ H., * 0 H - (2) 
The adsorbed hydrogen atoms either recombine to form a molecule of hydrogen 
gas or are absorbed into the metal. 
H.d + H., - (3) 
H.d - H., (4) 
The absorbed hydrogen atoms diffuse through the metal specimen due to the 
concentration gradient. Hydrogen atoms arriving at the exit surface of the 
specimen are oxidised to produce hydrogen ions and electrons. 
H., ^ H- + e - (5) 
Oxidation of hydrogen atoms is achieved by maintaining the exit side of the 
specimen at a sufficiently anodic potential. The current in the oxidation cell is 
monitored and gives a measure of the number of hydrogen atoms diffusing 
through the specimen. The permeation process is shown schematically in 
Fig. 2.2. 
2.3 THEORY 
2.3.1 Ideal lattice 
Hydrogen atoms diffuse through the metal via interstitial sites with octahedral 
sites being preferentially occupied at high temperatures and tetrahedral sites at 
low temperatures^. In an ideal metal, the potential wells associated with the 
interstitial sites have equal depths and the potential barriers between the wells 
have equal heights. Fig. 2.3. In this case, hydrogen transport obeys Fick's Laws 
of diffusion, namely 
10 
J = - D i £ (6) 
dt 
^ = o f E (7) 
at 9x2 
where C is the concentration of hydrogen atoms, x is the distance through the 
specimen, J is the flux, t is time and D is the diffusion coefficient. 
The concentration profile of hydrogen in a pure metal specimen can be 
calculated by solving equations (6) and (7). To do this, the boundary conditions 
at the charging and oxidation surfaces of the membrane must be defined. It is 
usually assumed that the sub-surface concentration of absorbed hydrogen atoms 
at the charging surface, Cq, is constant. The validity of this assumption can be 
assessed by examining the processes occurring at the surface. 
The boundary condition at the charging surface is given by 10 
= k.u.8^- - e J (9) 
where is the flux of hydrogen atoms, 8^ ^ is the surface coverage, k^ bs and 
are rate constants for the absorption and desorption reactions, ij, is the charging 
current, i^  is the recombination current and F is Faraday's constant. Equation (8) 
can be rearranged to give 
^ = 1 - !L (10) 
'c 'c 
If ic»FJin, then 
i. = L (11) 
'r c 
Substituting i^=k8a/ , where k is the recombination rate constant, gives 
e. , = (iyk)"= (12) 
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Therefore, 8^ ^ is constant provided i^  and k are constant. 
Similarly, equation (9) can be rearranged to give 
desV " a d 
If L«Ky,8,d 
_ ^abs ®ad ^ i n 
C = (14) 
° kd«.(1-8=d) 
Therefore, Cq can be assumed to be constant if i[.»F}m and J^«kgyg8ad. It can be 
seen from equation (8) that to fulfil this condition, the concentration gradient 
must be small for a given diffusivity. At short times the concentration gradient 
will be large but the assumption of a constant value of Cq is reasonable provided 
the time to achieve this condition is short relative to the timescale for hydrogen 
transport through the specimen. This can be obtained in practice provided the 
specimen is sufficiently thick. 
At low charging currents, 8,^  is small. It can be seen from equation (14) that 
under these conditions 
Co = (15) 
•^ des 
Combining equations (12) and (15) gives 
c„ = (16) 
This, relationship between hydrogen uptake and charging current was first 
observed experimentally by Bockris". 
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The boundary condition at the exit surface is given by^ 
J . i * i (17) 
F F 
where ip is the current density for the oxidation of hydrogen atoms. The analysis 
of hydrogen permeation is based on the assumption that the oxidation current 
density is equivalent to the flux of hydrogen atoms. This assumption is 
reasonable provided the oxidation current density, ip, is very much greater than 
the recombination current density, i^ . To achieve this, the conditions at the 
oxidation surface should be such that the rate of removal of hydrogen atoms 
from the surface is limited by the rate of transport of hydrogen to the surface. 
In this case, the concentration of adsorbed hydrogen atoms at the oxidation 
surface is so small that it can be considered to be zero. 
The boundary conditions can be summarised by 
x=0 all t C=Co (18) 
x=a all t C=0 (19) 
where x=0 and x=a correspond to the entrance and exit sides of the specimen 
respectively. 
These boundary conditions describe a rising permeation transient but 
information about hydrogen transport can also be obtained from decay 
transients. In this case, the hydrogen distribution in the specimen at the start of 
the transient must be well defined. Both sides of the specimens act as exit 
surfaces with the boundary conditions given by equation (17). 
The hydrogen distribution in the specimen can be calculated by solving Pick's 
second law of diffusion for the boundary conditions given in equations (18) and 
(19). The hydrogen profile in a permeation specimen is shown in Fig. 2.4 at three 
times, shortly after the start of hydrogen charging, at steady state and at an 
intermediate time. 
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The distribution of hydrogen at steady state is given by the expression 
C = Co (1 -x/a) (20) 
The quantity measured experimentally in a permeation test is the permeation 
flux at the exit side which is given by 
J(t) . -D(g) (21) 
ax 
The permeation flux can be calculated by solving equation (7) for the boundary 
conditions given in equations (18) and (19). McBreen et al^ ^ demonstrated that 
valid solutions could be obtained from the Laplace and Fourier summations, 
given in equations (22) and (23). 
J/Jgg = 2 E(-1)" exp(- (2n+1) /^4T) (22) 
n=0 
J/J33 = 1+2E(-1)"exp(-n V t ) (23) 
n-1 
where T is defined as Dt/a^ and is the flux of hydrogen atoms at steady state. 
It is evident from equation (21) that the steady state flux is given by 
— (24) 
a 
Thus the sub-surface concentration of hydrogen, Cg can be calculated simply 
from the steady state permeation current, i^ g, since Jss=iss/F. 
Hydrogen uptake is often quantified in terms of the permeability. The 
permeability is defined as DCgand is calculated from the steady state permeation 
current. 
2.3.2 Trapping 
Hydrogen transport in engineering materials is more complicated than the ideal 
situation described above because the material is not homogeneous. 
Heterogeneities such as grain boundaries, inclusions and dislocations distort the 
14 
lattice so that the potential wells and the heights of the energy barriers are not 
uniform throughout the metal. Fig. 2.3. The deepened potential wells associated 
with heterogeneities act as trap sites for hydrogen atoms. On average, hydrogen 
atoms reside longer at a trap site than at a lattice site and as a result trapping 
lowers the rate of hydrogen transport. 
Trap sites act as sources and sinks for hydrogen atoms and hence Pick's laws of 
diffusion are not applicable. A more extensive framework is required to describe 
hydrogen transport in these materials. The analysis should include a complete 
description of the density of each kind of trap site and the potential well 
associated with it. However, a model of this kind would have too many 
parameters to be useful in practice. A simpler approach is to classify sites as 
lattice diffusion sites, reversible trap sites and irreversible trap sites. A trap site 
is classed as irreversible if the potential well is so deep that there is insufficient 
thermal energy at a particular temperature for a hydrogen atom to surmount the 
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energy barrier and jump to a neighbouring site. The importance of reversible 
and irreversible trap sites can be assessed by measuring repetitive permeation 
transients. During the first permeation transient, hydrogen transport is hindered 
by trapping at reversible and irreversible trap sites. The hydrogen is then 
discharged from the specimen electrochemically but hydrogen atoms remain at 
irreversible trap sites. Therefore, during the second transient hydrogen transport 
is influenced only by reversible trapping. 
McNabb and Foster" developed a model of hydrogen transport which accounts 
for reversible trapping but does not consider irreversible trapping. lino 
developed the model to incorporate for irreversible trapping but only for the 
case of saturation of irreversible traps. Leblond and Dubois^^ developed a model 
that accounted for both reversible and irreversible trapping but solutions were 
limited to low fractional occupancy of reversible trap sites. The most 
comprehensive model of hydrogen transport was developed by Tumbull and 
Ferriss^®. It accounts for reversible and irreversible trapping and is valid for all 
trap site occupancies. The model modifies Pick's second Law to account for the 
effects of trapping as follows: 
15 
. D - N, 5 - N, ^ (25) 
at ax^ at at 
^ =k ,c ( i -e , ) -pe , (26) 
| i = K C ( i - e , ) (27) 
where N is the density of trap sites, 6 is the fraction of trap sites which are 
occupied, k is the capture rate and p is the release rate per trap. The subscripts 
r.and i refer to reversible and irreversible trap sites. A mathematical solution to 
equations (25) to (27) can only be obtained numerically. 
At steady-state equation (25) simplifies to the equation for the ideal case. 
Consequently, the sub-surface concentration of hydrogen can be calculated from 
equation (24). 
The trapping parameters of a material can be calculated by fitting the diffusion-
trapping model outlined in equations (25)-(27) to experimental data. It is 
convenient for mathematical analysis to express equations (25) to (27) in non-
dimensional form. 
9u ^ 9^ u _ 9v _ 9w (28) 
9t 9X^ 9T 9I: 
^ = Xu (1 - pv) -|a,v (29) 
9x 
= KU (1 - vw) (30) 
9t 
where T=Dt/a^ X=x/a, u=C/Co, v=N,8yCo, w=N(8yC(„ p=pa^/D, 
K=Nikia^/D, p=Co/Nr and v=Co/Ni. 
To characterise hydrogen transport in a material, the density and binding energy 
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of the trap sites have to be determined. The trap site density can be calculated 
using the expression p=Co/Nr. 
The binding energy is illustrated in Fig. 2.3. The process of a hydrogen atom 
entering a trap site can be described as an equilibrium reaction: 
Hiawce + vacant trap ^ + vacant lattice site 
The equilibrium constant, K, is defined by 
K = exp ^ AEl ( 1 - 8 J 
RT 
f \ e. 
0L 
(31) 
where 8^ is the fractional occupancy of lattice sites, AE is the binding energy, R 
is the molar gas constant and T is the temperature. At steady state, 98y9t=0 and 
equation (26) can be rearranged to give 
(3% 
P c, (1 -e,) 
As 0L « 1/ substituting equation (32) into equation (31) gives" 
. exp (- (33) 
p RT^ 
Therefore, the trap site binding energy, AE, can be determined from the ratio 
X/The trap site can also be characterised in terms of the activation energy, 
AE,. 
In materials with irreversible trapping, the first step is to characterise the 
reversible trap sites by analysing the second permeation transients. The values 
of K and v are then determined by fitting the model to the first permeation 
transient. 
The concentration of hydrogen atoms in reversible trap sites can be calculated 
by rearranging equation (31). 
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As 0L « 1, 
K = 
Sl i i - e j 
(34) 
As K0l « 1, 
= K ( - € 
(35) 
(36) 
The model developed by Tumbull and Ferris does not account for traps which 
develop with time such as voids. Johnson^^ has developed a model to describe 
the effect of the development of voids on the effective diffusivity. It is assumed 
that tnolecular hydrogen is trapped in voids. The hydrogen concentration in 
traps, Cr, is related to the lattice hydrogen concentration, C^, by the expression: 
C, = aCu (37) 
where a is a constant. Pick's first law can be expressed in terms of the lattice 
sites as 




Pick's first law can also be expressed in terms of the total concentration of 
hydrogen, Cy, where Q is the sum of Cq and C,. 
J = - D eff 
dCj (39) 
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Combining equations (38) and (39) gives 
= (40, 
Differentiation of equation (37) gives 
D„ = D (1 * 2aCJ-< (41) 
Models of hydrogen transport such as that developed by Tumbull and Ferriss 
are based on the assumption that the trap sites are isolated and a hydrogen atom 
cannot jump from one trap site to another. However, it is possible for hydrogen 
to travel along short circuit paths such as grain boundaries or dislocations. 
Hartt^ ® has demonstrated that the effective diffusivity measured combines 
contributions from short circuit paths and lattice diffusion. The original model 
developed by Hartt described self-diffusion but it can be applied also to 
diffusion of a solute. The diffusion coefficient is described by 
D = D„ Sf * D,(1 -f) (42) 
where is the grain boundary diffusion coefficient, S is the segregation 
coefficient and f is the volume fraction of the grain boundary material. In 
practice, the volume fraction of the grain boundary is very much smaller than 
the volume fraction of the bulk of the material and therefore it is a reasonable 
assumption to neglect the contribution of diffusion along grain boundaries. For 
example, for a material with a grain size of 5 }im and a grain boundary width 
of 5 nm, the grain boundary material will comprise only 0.5% of the total 
material. 
2.3.3 Low trap occupancy 
Oriani^ ® has analysed permeation behaviour in the absence of irreversible traps 
and has established a number of useful expressions which are valid in the 
regime of low trap occupancy. In this regime, 0 l « 1 and equation (31) can be 
rearranged to give 
19 
0L l-Qr 
Replacing 8^ by Q / N l and 9, by Q/N^ gives 
K - (43) 
= % < N^> 
From equation (40) 
1 ^ J_ 90^ 
d;; "D 
(45) 
Substituting C j = Q + Q 
Cu + 0/1-8,) 
Whert Sr « 1, 
De» = D(cyc,) (47) 
2.3.4 Effective diffusivity 
The effective diffusivity is a useful parameter for characterising the rate of 
diffusion. There are a number of methods of calculating the effective diffusivity 
from the permeation transient. A typical permeation transient is shown in 
Fig. 2.5. The normalised flux Q/JsJ is plotted against the normalised time x. 
1. Time lag method The effective diffusivity can be calculated from the 
time, tjjg, for the permeation flux to achieve 63% of the steady state flux, 
using equation (48) or (49)^°. 
De« = ^ (48) 
Dt,„„ 
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D.. = ^ (49) 
2. Time to breakthrough The effective diffusivity can be calculated from 
the time for hydrogen to be detected on the oxidation side of the membrane, t^, 
using equation (50) or (51)^ °. 
D = 
15.3 tb (50) 
3. Laplace method If only the first term of the summation in equation (22) 
is used, the following relationship can be obtained: 
ln(Jt'/") = {2aJJ(7c'^Dj^)) - a74D,„t (52) 
I 
The effective diffusivity can be calculated from the gradient of a plot of InQt^) 
vs 1/t. 
4. Fourier method A first term approximation of equation (23) gives : 
ln(1-J/J3J = In2 + 7tD,„t/a2 (53) 
The effective diffusion coefficient can be measured^^ from the gradient of a plot 
of hi(l-J/JJ vs t. 
The Laplace and Fourier methods given above use only the first term of the 
summations in equations (22) and (23) to simplify the calculation. However, this 
approximation is not necessary with modem computing power. 
Permeation transients measured in the regime of low trap occupancy are similar 
in shape to the curve generated by Pick's law. Under these conditions, the four 
methods of calculating the effective diffusivity give equivalent results. However, 
under aggressive charging conditions, the fractional occupancy of trap sites is 
significant and the transient is steeper than the curve predicted by Pick's Law. 
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At the start of the transient most of the trap sites are empty so hydrogen 
transport is retarded by trapping. At longer times an increasing number of trap 
sites are occupied. The effect of trapping is consequently lessened since there are 
fewer vacant trap sites for hydrogen atoms to enter. Therefore, the rate of 
hydrogen transport varies during the timescale of the transient. As the rate of 
hydrogen transport is dependent on the hydrogen content, the rate of hydrogen 
transport will also vary through the thickness of the specimen. Under these 
conditions the effective diffusivity does not have a rigorous theoretical basis but 
it is often used as a simple parameter to compare hydrogen transport in 
different materials and environments. However, the value of the effective 
diffusion coefficient will depend on the method of calculation used. 
Tumbull et a P have demonstrated that the difference between the diffusion 
coefficients calculated using the time to breakthrough and time lag methods can 
be more than an order of magnitude. 
At low trap occupancy, the effective diffusion coefficient is independent of the 
hydrogen content of the material but under more aggressive charging conditions 
the effective diffusivity increases with Q . McNabb and Foster^^ have derived an 
analytical relationship between the time lag effective diffusivity and Cq: 
D., - D[1 + ^ ^ |5)ln(U P)]-i 
(3 p3 
where a = _!^ln(- .AE) 
Nl r t ' 
(3 = ^ 
N. 
2.3.5 Implications of theory for hydrogen permeation testing 
The theory of hydrogen transport has a number of implications for conducting 
hydrogen permeation tests and interpreting the results. Analysis of permeation 
transients requires that the boundary conditions at the charging and exit sides 
of the membrane are clearly defined. The analysis usually assumes a constant 
value of Cq at the charging surface. It can be seen from equation (14) that Cq will 
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be constant provided k t^s and 8^ ^ are constant and Jin«kabs6ad- The 
concentration of adsorbed hydrogen atoms, 8,^, will be constant provided the 
charging current is constant (equation (12)) and this can be achieved by charging 
the specimen galvanostatically. To fulfil the condition « k^ bs the specimen 
must be sufficiently thick to ensure that the concentration gradient is small. 
The values of k^ bs and k^ es must be constant to achieve a constant value of Q . 
The rate constants for the absorption and desorption reactions will depend on 
the conditions at the surface. It is useful to monitor the electrode potential of the 
charging surface when charging is applied galvanostatically as changes in the 
surface conditions may be indicated by a change in the electrode potential. 
Similarly, when charging is applied potentiostatically the charging current 
should be monitored. 
The analysis assumes that the concentration of hydrogen atoms on the exit side 
of the membrane is zero and that the rate of oxidation of hydrogen atoms at the 
exit surface is limited by the rate of transport of hydrogen atoms to the surface. 
To achieve these conditions, the specimen is maintained at an anodic potential 
eg +300 mV(SCE). It can be demonstrated that the potential is sufficiently anodic 
by monitoring the steady state permeation current at a controlled potential and 
then increasing the potential. The current may increase initially but should 
return to the original value indicating that the current is independent of 
potential and therefore transport limited. 
An important step in obtaining reliable permeation data is to validate the results 
by testing a specimen of a different thickness. The normalised permeation 
transients should be similar provided hydrogen transport is controlled by 
diffusion through the bulk and the Cg values are similar. If hydrogen transport 
through the specimen is influenced by processes occurring on the surfaces, the 
normalised transients will be shifted to shorter normalised times as the thickness 
of the specimen is increased. When trap occupancy is significant, variation in the 
value of Cq will alter the permeation transients. Under these conditions, 
permeation data can only be validated by analysing the transients and 
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demonstrating that the calculated trapping parameters are independent of the 
specimen thickness. 
Analysis of hydrogen transport is based on the assumption that diffusion occurs 
in one dimension only. However, this assumption becomes less valid as the 
thickness of the specimen increases. Hutchings et aP^ have investigated the 
errors that are introduced by assuming one dimensional diffusion. The error in 
the measured flux is less than 5% provided the ratio of the radius of the exposed 
area to the thickness of the specimen is greater than 5. The error in the 
measurement can be reduced by increasing the ratio of the exposed area in the 
charging cell to that in the oxidation cell. For example, the error in the flux 
measured for a specimen of 2 mm thickness with an exposed area of 3.1 cm^ in 
the oxidation and charging cells is 10%. However, decreasing the exposed area 
in the oxidation cell to 2.5 cm^ reduces the error in the flux measurement to 3%. 
2.3.6 Surface coatings 
Coatings may be applied to the charging and oxidation surfaces to improve the 
reliability of permeation measurements. A specimen with coatings on the 
charging and oxidation surfaces is illustrated in Fig. 2.6. It is complicated to 
model diffusion through a multi-layer system and consequently only the 
situation at steady state is considered. The fluxes in the three layers must be 
equal: 
J = D, . D, '^3-0.) , n (Cs-CJ (55) 
L, ' k ' L 3 
To achieve reliable permeation transients, the boundary conditions described in 
section 2.3.1 must be met ie the value of Cg must be zero and the value of C3 
must be constant. The concentrations of hydrogen across an interface can be 
related by the rate constants for transport across the interface i.e. 
k,A = k2,C3 (56) 
where k^ j is the rate constant for the transfer of hydrogen atoms from layer i to 
layer j. 
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Assuming that the ratio where and Sj are the solubility constants 
for hydrogen in layers 1 and 2, 
S A = S,c, (57) 
Similarly 
S3C, = S A (58) 
Substitution of equations (57) and (58) into equation (55) gives 
1 = - ± [ l l + (59) 
J D,S/ 
If L3S2/D3S3 « L2D2, this reduces to the expression for a single layer. In practice, 
there is usually an oxide layer on the surface of the specimen. However, the 
second term of equation (59) can be neglected provided a sufficiently thick 
specimen is used. 
A palladium coating is often applied to the oxidation surface to obtain reliable 
measurements. The solubility and diffusivity of hydrogen in palladium are 
greater than in an oxide film which means that the condition L3S2/D3S3 « L2D2 
can be fulfilled for thinner specimens. In addition, the oxidation of hydrogen 
atoms is more efficient on palladium than on the oxide film which means that 
with a palladium coating the rate of oxidation of hydrogen atoms remains 
transport limited at higher fluxes. 
In some circumstances, it may be advantageous to coat the charging surface to 
eliminate variations in the surface conditions during the test. It is evident from 
Fig. 2.6 that the coating will influence the value of C3. Therefore, this technique 
can only be used when the purpose of the test is to characterise hydrogen 
transport in the material. A coating cannot be used on the charging surface if the 
objective of the permeation test is to measure hydrogen uptake in a service 
environment. 
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2.4 REVIEW OF DATA FOR HYDROGEN TRANSPORT IN LOW ALLOY 
STEELS 
There has been a considerable amount of work on hydrogen permeation in iron 
and steels over the last 30 years. The studies of hydrogen transport in low alloy 
steels are reviewed below. The effects of the envirormient, temperature, 
microstructure and surface preparation on hydrogen uptake and transport are 
discussed separately. 
2.4.1 Environment 
Hutchings and TumbulP conducted an extensive investigation of the effect of 
the charging environment on hydrogen permeation with the aim of establishing 
the optimum conditions for characterising the trapping parameters of low alloy 
steels. The material used was AISI4340 steel which had been annealed at 840 °C, 
( 
oil quenched, tempered at 550 °C and cooled in air. The thickness of the 
specimens ranged from 0.25 to 2 mm and charging was applied 
galvanostatically. The transient measured in deaerated NaCl using a 1 mm 
specimen peaked indicating that changes occurred in the conditions at the 
surface of the specimen. During the test the pH of the solution increased and the 
electrode potential became more cathodic, consistent with changes in the surface 
conditions. The transient was steeper than the curve predicted by Pick's law and 
the effective diffusivity measured using the time lag method was 8.6 x 10'^ ^ m^s'^  
for a Cq value of 1.3 x 10"^  ppm (mass). The transient measured in O.IM NaOH 
for a 1.9 mm thick specimen had a prolonged approach to steady state and was 
shallower than the curve predicted by Pick's law. The electrode potential of the 
charging surface changed with time indicating a change in the character of the 
surface film during the test. Transients measured in acid solutions peaked due 
to the development of voids which acted as trap sites. The effective diffusivity 
measured in NaCl of pH 0.9 was 7.8 x 10'" m%'^  for a Cq value of 
2.7 X 10^ ppm (mass). The permeation transients measured in sodium acetate 
also peaked, giving an effective diffusivity of 2.0 x 10'" m^s'^  for a Cq value of 
1.2 X 10'^  ppm (mass). 
26 
Hutchings and TumbuU^ applied a palladium coating to the charging surface 
of the membrane to eliminate variations in the conditions at the surface. Tests 
were conducted in O.IM NaOH. For specimens of 0.25 mm and 0.5 mm 
thickness, the transients were shallower than Pick's law indicating that processes 
occurring at the surface of the specimen impeded hydrogen transport. The 
transients measured using thicker specimens were steeper than Pick's law and 
did not peak^. The normalised transients for 1 and 2 mm thick membranes were 
similar demonstrating that hydrogen transport was controlled by diffusion 
through the bulk of the material. The first and second transients were also 
similar indicating that irreversible trapping does not influence hydrogen 
transport. The transients were analysed using the NFL diffusion-trapping model 
and the density and binding energy of trap sites calculated were 
2.1 X 10^® sites cm'^  and -49.0 kJ mol'^ respectively. One test was conducted using 
AISI 4340 steel which had been heat treated at 1050 °C for an hour and 
quenched in oil. The 1 mm membrane was palladium coated on the charging 
side. The effective diffusivity was 30 times greater than for the tempered steel 
for a similar value of Cg indicating that the density of trap sites was lower for 
the quenched steel. During tempering carbides are precipitated so this result 
suggests that carbides are the dominant trap site in this material. 
Lucas and Robinson^^ conducted hydrogen permeation tests using BS4360 SOD 
which had been heat-treated at 850 °C, quenched and tempered to give a 
microstructure and hardness characteristic of the heat affected zone of a weld. 
The specimen thickness was 0.5 mm which may have been too thin to achieve 
volume controlled hydrogen transport. Tests were conducted in aerated and 
deaerated 3.5% NaCl and in seawater. Charging was applied potentiostatically 
with the potential decreased from -850 to -1000 to -1150 mV(SCE). The 
disadvantage of conducting tests potentiostatically is that the charging current 
may vary. The charging current was not reported for these tests. In aerated 
NaCl, the value of Cq increased as the potential became more negative. The 
effective diffusion coefficient calculated from the time to break through was 
1.9 X 10'" m^s'\ Deaeration increased hydrogen uptake in 4 of the 6 tests 
reported. The authors concluded that the effect of deaeration was to increase Cq 
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at a given potential. They proposed that in the presence of oxygen an adsorbed 
layer forms on the surface of the steel which prevents hydrogen absorption. 
However, there is insufficient evidence to conclude that there is a significant 
effect of deaeration on Cq since the variation observed may have been due to 
experimental repeatability. In artificial seawater, the permeation current peaked 
and then decayed. Fig. 2.7. The decay was attributed to the formation of 
calcareous scale on the surface. During the decay, occasional peaks in the current 
were observed and these were associated with spalling of the scale resulting in 
exposure of the bare metal. The value of J^^a/D at -850 mV(SCE) was similar 
in seawater and NaCl. However, the permeation current in seawater decayed 
with time and at -1150 mV (SCE) hydrogen uptake was about 6 times greater in 
NaCl solution than in seawater. 
Chaudhari and Radhakrishnan^ measured the diffusivity of hydrogen in mild 
steel, MS525, in O.IM H2SO4. The specimen thickness was 0.17 mm and the 
oxidation surface was palladium coated. The specimen may have been too thin 
to achieve diffusion controlled hydrogen transport but this cannot be confirmed 
as tests were conducted using only one specimen thickness. The curves were 
Fickian in shape and the average diffusivity calculated by several methods was 
2.6 x 10"^  m^s'\ The Q values ranged from 0.06 to 0.25 ppm (mass) for a 
charging current of 0.5 mA cm"^ . The diffusivity is higher than those reported for 
other low alloy steels and of the same order of magnitude as pure iron^. In the 
analysis of the permeation transients, the relaxation time was subtracted from 
the elapsed time, where the relaxation time was defined as the time needed to 
establish an equilibrium concentration of hydrogen at the charging surface. The 
authors did not report how the relaxation time was determined but clearly this 
method of calculation will result in higher diffusivities when the relaxation time 
is significant. 
Chavane et aP^ conducted permeation tests in O.IM NaOH and in NACE 
solution (HzS-saturated NaCl solution of pH 2.6). The material was 42CD4 steel 
austenitised at 850 °C for 1 hour, oil quenched, tempered for 1 hour at 600 °C 
or 675 °C and air cooled. The thickness of the specimens was 1.5 mm. In 
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O.IM NaOH a charging current of 1 mA cm'^ was applied and the permeation 
transients were shallower than those predicted by Pick's law. This indicates that 
the conditions at the charging surface of the membrane were changing during 
the test. The transients measured in NACE solution were steeper than Pick's law. 
The transient at the free corrosion potential was less steep than the transient at 
-1000 mV(SCE). This would be expected as the value of Cq would be smaller at 
the free corrosion potential. The curve for the steel tempered at 675 °C was 
steeper than the curve for the steel tempered at 600 °C. The authors concluded 
that the trap density varied with heat treatment. The values of Cg were not 
quoted but the authors' conclusion does not account for the possibility that the 
difference in the permeation transients of the two materials may have been due 
to variations in hydrogen uptake. 
Chen and Wu^^ conducted permeation tests with AISI 4140 in IM H2SO4 with 
and without thiourea. Thiourea acts as a poison inhibiting the recombination of 
hydrogen atoms and hence increasing the concentration of absorbed hydrogen. 
The specimens were austenitized at 850 °C and air cooled to obtain a normalised 
structure. The specimen thicknesses were in the range 0.75 to 0.85 mm which 
may have been too thin to obtain volume controlled hydrogen transport. The 
authors did not validate the results by conducting tests with a range of specimen 
thicknesses. The oxidation side of the membrane was coated with a thin layer 
of nickel and a charging current density of 30 mA cm'^  was applied. The first 
permeation transients were not repeatable and this was attributed to the filling 
of irreversible trap sites. An alternative explanation is that changes in the 
conditions at the surface of the membrane occurred during the first transient. 
The authors only presented the results for the second and subsequent transients. 
The effective diffusivity measured in H2SO4 using the time lag method was 
1.7 x 10'^ ° mV^ for a Cg value of 0.31 ppm (mass). The permeation current was 
observed to be proportional to the square root of the charging current density 
and the effective diffusivity was independent of the charging current. This 
implies that the fractional occupancy of trap sites was low despite the severe 
charging conditions. The addition of thiourea increased the permeation current 
density by a factor of 6 but decreased the effective diffusivity by a factor of 2. 
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This result is unusual as the effective diffusivity generally increases as Co 
increases. The effective diffusivity may decrease as Cq increases if there is 
significant void formation but the authors did not report peaks in the transients 
which would be indicative of void formation. 
Fokin et aP® conducted permeation tests on a low alloy steel, USA. The 
specimens were 0.3 mm thick and the oxidation side was plated with palladium. 
The specimen may not have been sufficiently thick to ensure volume controlled 
hydrogen transport. The charging environment was IM H2SO4, with and without 
HjS. Hydrogen sulphide acts as a poison inhibiting the recombination of 
hydrogen atoms. The addition of HgS to the solution increased the steady state 
permeation current by a factor of 8. As the potential became more negative the 
curves became steeper indicating increased trap occupancy but there was not a 
corresponding increase in the permeation current. The effective diffusivities were 
not calculated. 
I 
Beck et a P conducted permeation tests using AISI 4340 in O.IM NaOH with 
KCN, which acts as a poison. The thickness of the specimen was 0.66 mm. The 
shape of the transient was similar to Pick's law but it peaked. The effective 
diffusivity was 6 x 10'" m^s'\ 
El-Sherik and Shirkhanzadeh^" measured hydrogen transport in a C-Mn steel in 
a simulated concrete environment. The solution consisted of 
0.6M KOH + 3.5% NaCl + 0.2M NaOH + O.OOIM Ca(OH)2 and the material was 
charged galvanostatically. The specimen thickness was 47 pm which is too thin 
to obtain volume controlled hydrogen transport. The volume of solution was 
10 mL and the exposed specimen area was 1.60 cm .^ This surface area to volume 
ratio is low and as a result changes in the solution chemistry may have occurred 
during the test. The permeation transients peaked, decayed and then fluctuated 
about a steady value, Fig. 2.8. The authors attributed the peak to the formation 
of calcium deposits on the charging surface of the membrane. The erratic 
permeation current at longer times was attributed to spalling and reformation 
of the calcareous scale. Tests were conducted with varying charging current 
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densities and the steady permeation current observed at longer times was 
proportional to the square root of the charging current. It is remarkable that a 
simple relationship of this kind was observed in this environment as the 
permeation current at longer times would be influenced by the formation of 
calcium deposits. 
2.4.2 Temperature 
Hwang et aP^ measured the diffusivity of AISI 4340 steel at a range of 
temperatures from 25 °C to 80 °C. The steel had been austenitised, quenched 
and tempered at 204 °C. At 25 °C the effective diffusivity was 3.7 x 10'" m s^'^  
and In D^ ff was proportional to 1/T. The effective diffusivity increased as the 
charging current increased indicating that the permeation transients were steeper 
than the curve predicted by Pick's law. 
2.4.3 Microstructure 
Luppo and Ovejero-Garcia^^ investigated the influence of microstructure on the 
trapping characteristics of a C-Mn steel, A-516 G60. The as-received steel was in 
the normalised condition. Samples of the steel were heated at 900 °C for 30 min 
and then tempered at 180 °C for 6 hours or at 500 °C for 1 hour. Permeation 
tests were conducted with electrochemical and gas charging using 1.5 mm thick 
specimens. Por the electrochemical tests the charging environment was 
O.IM NaOH and the charging current was 5 mAcm" .^ The approach to steady 
state was prolonged compared to the curve predicted for Pick's law and a steady 
state value was not achieved within the timescale of the tests. This indicates that 
hydrogen transport was influenced by changes occurring at the surface of the 
specimen. The authors calculated the effective diffusivity from the time to 
breakthrough but these values are not meaningful as the transient was shallower 
than the theoretical curve predicted by Pick's law. Steady state conditions were 
obtained using gas charging with a gas pressure of 0.1 MPa on the charging 
side. The specimen was coated with palladium on both the input and output 
sides. Details of the experimental procedure used to generate these curves are 
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not given and consequently it is not possible to assess the reliability of the data. 
The effective diffusivities were measured using the time-lag method. Fig. 2.9. 
The normalised steel had the highest diffusivity of 1.4 x 10'^ ° mV^ for a Cq value 
of 4.2 X 10'^  ppm (mass). The quenched and tempered steels had a diffusivity of 
1.1 X 10'^ ° m s^'^  for a Cg of 5.4 x 10^ ppm (mass) and the quenched steel had a 
diffusivity of 6.1 x 10 " mV^ for a Cq value of 1.2 x 10'^  ppm (mass). The 
trapping parameters were calculated by analysing the outgassing curves. The 
analysis assumed that equal amounts of hydrogen desorbed from both sides of 
the specimen but the validity of this assumption cannot be assessed as the 
conditions at the exit surfaces were not given. The analysis also assumes that the 
concentration of hydrogen in reversible traps is constant through the thickness 
of the membrane which is not valid. The number of trap sites and the binding 
energies of the trap sites are given in Table 2.1. 
, Heat treatment Nr (sites cm'^ ) AE (kj mol ') 
normalised 2.9 X 10'® 46 
quenched 7.3 X 10'" 47 
tempered at 180°C 4.1 X 10'" 46 
tempered at 500 °C 4.1 X 10'" 45 
Table 2.1 Trap site density and binding energies determined for a carbon-
manganese steeps 
The binding energy is similar for the four steels with the number of trap sites 
lowest for the normalised steel and greatest for the quenched steel. During 
tempering carbides precipitate and dislocations climb and are annihilated. 
Therefore, the results indicate that trapping at dislocations and lath interfaces is 
dominant compared to carbide particles. 
Xie and Hirth^^ conducted permeation studies of AISI1090 steel. The as-received 
hot rolled bars were spherodised and some specimens were quenched and 
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tempered or normalised. The specimen thicknesses were 0.3, 1 and 2 mm and 
the specimens were palladium coated on the oxidation side. The charging 
environment was IM H2SO4 and the temperature was 25 °C. The authors 
reported that the permeation current was inversely proportional to the thickness 
of the specimen and that the normalised time to achieve J/Jss=0.63 was 
independent of the specimen thickness. This demonstrates that hydrogen 
transport was controlled by diffusion through the bulk of the specimen 
assuming that the value of Q did not differ between tests. The first permeation 
transients were not repeatable and gave lower diffusivities than subsequent 
transients for the same specimen. This may be due to irreversible trapping but 
the authors did not present the data for the first transients. The effective 
diffusivity for the second and subsequent transients was calculated using the 
first expansion term of the Laplace solution to Pick's law. The microstructure of 
AISI 1090 had a small influence on the effective diffusivity with values of 
5.4 X 10'^ ° m s^'^  measured for the spherodized and normalised steels compared 
to 8.1 X 10'^ ° m s^'^  for the quenched and tempered steel for a charging current of 
50 Am'^. Cold work decreased the effective diffusivity of the spherodised steel 
and increased hydrogen uptake suggesting that dislocations act as trap sites in 
this material. Tests were conducted at a range of charging currents and peaks 
were observed in the transients for charging currents above a critical value. The 
peaks were attributed to the formation and growth of voids and cold work 
increased the critical charging current required to cause peaks in the permeation 
transients. Blisters were observed at MnS inclusions in specimens which had 
been charged above the critical current. Hydrogen transport in AISI 1090 was 
compared with two other low alloy steels with lower carbon contents, namely 
AISI 1020 and AISI 1045. The paper implies that all the steels had been 
spherodised although this is not stated explicitly. As the carbon content 
increased, the hydrogen uptake decreased and the effective diffusivity decreased 
from 1.8 X 10'^  m s^'^  for AISI 1020 to 5.5 x 10'^ " m s^'^  for AISI 1090. However, as 
the values of the effective diffusivity are not compared with respect to the same 
hydrogen content no conclusions can be drawn about the effect of carbon 
content on hydrogen transport. 
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Noel et a P conducted a study of hydrogen transport in aluminium-killed low 
alloy steels. The membrane thickness ranged from 0.75 to 1.5 mm and the 
charging environment was 0.05M H2SO4 containing O.OIM thiourea. The first 
permeation transient was retarded with respect to subsequent transients 
indicating the presence of irreversible traps. The diffusion coefficients were 
calculated from the second and subsequent transient using several methods 
including time-to-break through, time-lag and Laplace. The average diffusion 
coefficient in H2SO4 was 6.6 x 10"^ ° mV^ for a Cq value of 7.7 x 10'^  ppm (mass). 
Addition of thiourea increased the permeation current and the effective 
diffusivity. This would be expected as thiourea acts as a poison promoting the 
absorption of hydrogen atoms and thereby increasing Q. Peaks in the 
permeation transients were not observed within the short timescale of the tests 
but it was reported that the permeation current did decrease when the charging 
current was applied for longer periods. The decay was attributed to the growth 
of traps. For one alloy, permeation tests were conducted for a range of charging 
currents and the diffusivity was observed to be independent of the charging 
current. This suggests that the values of were sufficiently low that the curves 
were Fickian in shape which is remarkable for these severe charging conditions. 
However, the growth of voids during the permeation test may have distorted 
the shape of the permeation transient. The permeation current was linearly 
proportional to the charging current. The authors reported that the diffusion 
coefficient increased as the A1:N ratio in the steel increased. However, this 
comparison was not valid as the Cq values differed by more than an order of 
magnitude between tests and the influence of Cq on the effective diffusivity was 
not taken into account in the comparison. The effect of cold work on hydrogen 
transport was investigated and it was observed that increasing the degree of 
cold work decreases the effective diffusion coefficient. Fig. 2.10. This was 
explained by the authors in terms of the dislocations introduced by cold work 
acting as additional trap sites. 
Laycock^® measured hydrogen transport in four low alloy line-pipe steels in 
HgS-saturated NACE solution. The specimen thickness was 3mm and the 
average effective diffusivity measured using the time-lag and time to 
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breakthrough methods was 1.4 x 10'^  m V \ Laycock concluded that the influence 
of alloy composition on hydrogen diffusivity could not be distinguished as it 
was of the same order as the experimental repeatability. 
Lee and Chan^^ investigated the effect of orientation on the diffusivity of 
hydrogen in AISI 4130 steel. The steel had been heat-treated at 870 °C for an 
hour, furnace cooled and cold-rolled and the resulting microstructure consisted 
of bands of pearlite in a ferrite matrix. The specimen thickness was 1 mm and 
both sides of the specimen were plated with palladium. The charging 
environment was O.IM NaOH containing AsjOg which acts as a poison 
promoting hydrogen entry. A charging current of 5 mAcm'^ was applied. The 
effective diffusion coefficient was measured using the time-lag method for the 
second transient. In the transverse direction, the diffusivity was 1.7 x 10'^ ° m V \ 
for a Co value of 1.79 ppm (mass) similar to 1.6 x 10'^ " m s^'^  for a Cg value of 
1.32 ppm (mass) in the longitudinal direction. Fig. 2.11. The diffusivity 
perpendicular to the rolling plane was lower at 6.5 x 10'" m s^'^  for a Cq of 
0.69 ppm (mass). The authors attributed the lower diffusivity perpendicular to 
the rolling plane to the banded structure parallel to the hydrogen entry surface. 
Hydrogen diffusing in a direction perpendicular to the rolling plane has to travel 
through bands of pearlite and this retards diffusion. However, the authors' 
conclusion that hydrogen transport perpendicular to the rolling plane is retarded 
may not be valid. The effective diffusivity depends on the Cq value and 
hydrogen uptake was lower in the rolling plane than in the two perpendicular 
orientations. The observed differences in diffusivity with orientation may have 
been caused by variations in hydrogen uptake. 
Nanis and Namboodhiri^^ investigated the effect of microstructure and 
environment on hydrogen transport in AISI 4340 steel. Three heat treatments 
were applied to the material: 
(i) annealed by heating at 650 °C for 10 hours 
(ii) heated at 870 °C for an hour, quenched and tempered at 260 °C for 2 
hours 
(iii) heated at 870 °C for an hour, quenched and tempered at 350 °C for 2 
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hours. 
The thickness of the membranes ranged from 0.38 to 0.76 mm which may have 
been too thin to obtain diffusion controlled hydrogen transport. The specimens 
were palladium coated on the oxidation side. The charging enviroimients were 
0.2M NaOH and O.IM H2SO4. The permeation transients were steeper than the 
curve predicted by Pick's law indicating significant filling of trap sites. The 
effective diffusivities were calculated using the time-lag method at J/J^ g = 0.5. In 
NaOH solution, the effective diffusivity of the annealed material was 
7.6 X 10'^ " m s^'^  for a Cq value of 2.1 x 10^ ppm (mass). The diffusivity of the 
steel tempered at 260 °C was 2.2 x 10 " m^ s"^  for a Cq value of 0.53 ppm (mass). 
The steel tempered at 350 °C had a similar diffusivity although the Cq value was 
0.93 ppm (mass). Permeation transients were conducted on cold-rolled annealed 
steel and the effective diffusivity decreased with deformation. The authors did 
not explain the effect of cold work on the effective diffusivity but it may be that 
dislocations were acting as trap sites. Hydrogen uptake in O.IM NaOH was an 
order of magnitude lower than in H2SO4 for a charging current of 10 mA cm'^ . 
Sakamoto and Takao^ ® measured hydrogen permeation in several high strength 
low alloy steels. The specimens were about 0.9 mm thick and coated with 
palladium on the oxidation side. The charging environment was H2SO4 with 
H2Se04 and a charging current of 1.0 mA cm'^  was applied. The effective 
diffusivity was measured using the Laplace method. The effective diffusivities 
of several low alloy steels are plotted against tempering temperature in Pig. 2.12. 
As the tempering temperature is increased to 100 °C, the diffusivity increases 
and then decreases as the tempering temperature is raised to 300 °C. At higher 
temperatures the diffusivity increases with the tempering temperature. The 
highest diffusivities were measured for steels heat treated at 880 °C and furnace 
cooled to give a lamellar pearlite structure. Por alloys with higher Ni, Cr and Mo 
contents this heat treatment produces bainite and martensite and the diffusivities 
are comparable with quenched martensite. The diffusivity at a given tempering 
temperature decreases as the carbon content increases. The influence of 
tempering temperature on the solubility of hydrogen is shown in Pig. 2.13. The 
solubility decreased in the order, fine carbide precipitates in ferrite, bainite and 
36 
martensite, quenched martensite, fine pearlite, coarse lamellar pearlite. 
Comparison of Figs. 2.12 and 2.13 shows that the effect of the temperature on 
diffusivity cannot be explained in terms of the variation in Cg. The authors 
explained the effect of microstructure on hydrogen transport in terms of 
dislocations and ferrite-carbide interfaces acting as trap sites. In the quenched 
martensite, trapping is due to dislocations. During tempering at 100 °C 
E-carbides are precipitated. This reduces the distortion and dislocation density 
in the lattice and hence the effective diffusivity increases. At the second stage of 
tempering (160 to 260 °C) the e-carbide is converted to cementite. Carbides may 
be the dominant trap site for this microstructure and as the interfacial area of 
carbides increases the diffusivity decreases. During tempering above 360 °C the 
cementite agglomerates to form larger particles. As a result the interfacial area 
of the carbides decreases and the diffusivity increases. However, the data could 
also be explained on the basis of dislocations only acting as trap sites. Gibala 
and DeMiglio^' have investigated the effect of heat treatment on the 
microstructure of AISI 4340 steel, which is similar to the steel studied by 
Sakamoto, Table 2.2. Very little dislocation recovery occurs at temperatures 
below 400 °C. However, the variation in the effective diffusivity with tempering 
temperature up to 300 °C is less than a factor of 2 and may be due to 
experimental repeatability. The effective diffusivity increased significantly with 
tempering temperatures above 400 °C which is consistent with dislocation 
recovery. 
Jianian^" reported similar effects of heat treatment on the diffusivity of hydrogen 
in AISI 4340 steel. The material was quenched from 840 °C, tempered for 1 hour 
at a temperature in the range 100-700 °C followed by air cooling. The lowest 
diffusivity was measured for steel tempered at 200 °C with the diffusivity 
increasing as the tempering temperature was increased above 200 °C. 
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Tempering temperature (°C) Microstructure 
600 
500 
Spherodised, incoherent Fe^C at low 
angle lath boundaries 
Dislocation recovery 
400 Early stage Fe^C spherodisation and 
dislocation recovery 
320 Very little dislocation recovery 
Coherent FegC at high angle lath 
boundaries 
200 No significant dislocation recovery , 
Coherent e-carbide at high angle lath 
boundaries 
as-quenched Precipitate-free high angle lath 
boundaries 
Carbon in solid solution 
Table 2.2 Effect of heat treatment on microstructure of AISI 4340 steel^" 
Dull and Nobe^^ investigated hydrogen transport in a C-Mn mild steel and in 
AISI 4340 steel. The specimen thickness was 0.65 mm and the oxidation surface 
was palladium coated. The charging environment was 0.5M H2SO4. When the 
charging environment was introduced the permeation current increased, peaked 
and then decreased to a steady state value. A charging current of 15 mA cm'^  
was then applied. This experimental procedure is not ideal as the concentration 
of hydrogen in the specimen was not zero when the charging current was 
applied. This must be taken into account when comparing the effective 
diffusivities with other data as the shape of the permeation transient depends 
on the initial concentration gradient of hydrogen in the membrane^^. Peaks were 
observed in the permeation transients for the C-Mn steel but not for AISI 4340. 
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The high corrosion rates during the test decreased the thickness of the specimen 
and this was accounted for in the analysis. The diffusivity measured for the cold 
rolled mild steel was 6.7 x 10 " m^s'\ The diffusivity of the annealed mild steel 
increased with the heat treatment temperature but the value of Cq also increased. 
It is not possible to ascertain whether the heat treatment affected the trapping 
characteristics of the steel as the change in the diffusivity may have been caused 
by the change in the value of Q . For AISI 4340 steel, the value of Cq was about 
1.5 X 10'^  ppm (mass) and did not depend on the microstructure. The diffusivity 
of steel annealed at 540 °C was 5.3 x 10'" mV^ compared to 1.2 x 10"^ ° mV^ for 
steel annealed at 870 °C. For quenched and tempered steels, increasing the 
tempering temperature from 200 to 650 °C increased the effective diffusivity 
from 2.0 x 10'^ ^ m s^'^  to 8.5 x 10" m V \ During tempering, carbides are 
precipitated and dislocations are annihilated. As the tempering temperature 
increases the density of trap sites decreases suggesting that the trap sites are 
associated with dislocations. 
Makhlouf and Sissons^^ investigated the effect of microstructure on hydrogen 
transport in AISI 4340 steel. The material was quenched and tempered to 
hardness values of 40 and 50 HRC. The membrane thickness was 0.13 mm which 
was probably too thin to ensure volume controlled hydrogen transport. The 
authors concluded that decreasing the hardness of the material increased the 
steady state flux and decreased the effective diffusivity. However, the 
permeation transients were shallower than the curve predicted by Pick's law 
indicating that hydrogen transport was influenced by processes occurring on the 
surface of the specimen. 
Scully^ measured hydrogen transport in quenched and tempered AISI 4340 steel. 
The detailed heat treatment was not given but the yield strength of the steel was 
1200 MPa. The oxidation surface was palladium coated and the charging 
environment was 0.6M NaCl solution with a pH of 9.1. The specimen thickness 
ranged from 0.2 to 2mm and the effective diffusivity measured for the 2 mm 
specimen using the Laplace method was 4.5 x 10'" m V \ The authors 
demonstrated that for these charging conditions hydrogen transport was 
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determined by diffusion through the bulk of the material for thicknesses greater 
than 1.8 mm. For thinner specimens, processes occurring at the surface 
influenced hydrogen transport. Straining the membrane during testing decreased 
the effective diffusivity by about 60% indicating that dislocations act as trap 
sites. 
Christodoulou et al^ investigated the effect of heat treatment on the effective 
diffusivities of AISI4340 steel and a titanium-containing HSLA steel. The HSLA 
steel was austenitised at 1200 °C, quenched and aged at a range of temperatures 
for an hour. The diffusivity measured from the second transient using the time-
lag method was about 1.0 x 10^^ mV^ and was not affected by the aging process. 
The steel tempered at 600 °C showed the presence of irreversible traps with the 
first transient delayed with respect to subsequent transients. The irreversible 
trapping may be associated with titanium carbides. For AISI 4340 austenitised 
at 890 °C, quenched and tempered at 500 °C the effective diffusivity was 
2.6 X 10'" m s^'^  for the first and second transients indicating that hydrogen 
transport was not affected by irreversible trapping. The results were similar for 
AISI 4340 steel which had been austenitised at 890 °C, quenched, tempered at 
300 °C and oil quenched. For AISI 4340 steel which had been austenitised at 
890 °C, oil quenched, annealed at 740 °C and oil quenched there was a 
significant effect of irreversible trapping with an effective diffusivity of 
6.8 X 10'^ ^ m s^'^  for the first transient compared to 7.9 x 10'" mV^ for the second. 
This heat treatment resulted in the greatest amount of retained austerute and the 
authors speculated that this may be associated with irreversible trapping. 
Kim and Loginow^^ investigated the effect of heat treatment on hydrogen 
transport in a 3% Ni-Cr-Mo steel. The material was austenitised at 900 °C for 30 
minutes, water quenched, tempered at 577, 585, 671 or 704 °C for 30 minutes 
and water quenched. The specimen thickness ranged from 0.38 to 2.5 mm. The 
charging environment was HjS-saturated 3% NaCl with 0.5% acetic acid and the 
specimen was charged under free corrosion conditions. The steady state 
permeation current was independent of the heat treatment and the average Cq 
value reported by the authors was 0.8 ppm (mass). This value of Cq was 
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calculated using a value of 10"^  mV^ for the lattice diffusivity. A higher value of 
7.2 X 10'® m^ s"^  has been reported^^ for lattice diffusivity which would give a Cq 
value of 0.1 ppm (mass). The permeation transients were steeper than the curve 
predicted by Pick's law indicating that a significant number of the trap sites 
were occupied. The effective diffusivity measured by the time-lag method varied 
from 6.3 x 10'" m^ s"^  for the material tempered at 557 °C to 3.0 x 10'^ ° mV^ for 
the steel tempered at 704 °C. The time lag was proportional to the square of the 
specimen thickness and the authors concluded that hydrogen transport was 
dominated by diffusion through the bulk of the material. However, when the 
steady state permeation current was plotted against the reciprocal of the 
specimen thickness the values for the thinnest specimens were lower than would 
be expected for a linear relationship. Therefore, the results indicate that 
hydrogen transport was not controlled by diffusion through the bulk of the. 
material for the entire range of thicknesses tested. Microstructural examination 
of the steels showed that the carbide particles were smaller for the lower 
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tempering temperatures. Therefore, the interfacial area of carbides would be 
greater for the lower tempering temperatures and this might explain the higher 
trap density. An alternative explanation is that dislocations act as trap sites. The 
steels tempered at low temperatures would be expected to have a higher 
dislocation density than those tempered at high temperatures. 
2.4.4 Surface condition 
Wilde and Chattoraj^^ investigated the effect of shot peening on hydrogen 
absorption and transport in low alloy steels. The material used was AISI 4340 
with a martensitic microstructure and a yield strength of 1250 MPa. The 
thickness of the specimens was 2.5 mm. The charging environment was 
IM NaOH and a charging current of 2 Am'^  was applied. The surface which had 
been shot peened was the charging side of the membrane. The permeation 
transients did not peak but some of the transients did not reach steady state 
within the timescale of the test. This supports the results of Hutchings and 
Tumbull who observed a prolonged approach to steady state for AISI 4340 in 
O.IM NaOH. The permeation current density was proportional to the square root 
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of the charging current density with the proportionality constant lower for the 
shot peened metal. The effective diffusion coefficient was 4 x 10'" m s^'^  for a Cq 
value of 2.7 x 10"^  ppm (mass). Values of the effective diffusivity calculated from 
the rising and decay transients were similar indicating that there was no 
irreversible trapping. Shot peening did not affect the effective diffusivity but this 
is not surprising since the layer affected by shot peening is small relative to the 
thickness of the specimen. Tests were also conducted with the shot peened 
surface as the oxidation side of the membrane. The steady state permeation 
current was lower than for the base metal but greater than with the shot peened 
surface as the charging surface. Shot peening introduces compressive residual 
stresses into the material and the authors concluded that the effect of shot 




Tests were conducted in a wide range of charging environments including 
alkalis, acids and poisons. Several authors conducted tests in alkaline 
environments and reported transients shallower than the curve predicted by 
Pick's law '^^ '^^ .^ This was attributed to the formation of films at the charging 
surface. However, Nanis^^ observed transients steeper than the curve predicted 
by Pick's law in O.IM NaOH using the same charging current as Hutchings, 
1 mA cm'^ . 
Transients similar in shape to Pick's law were observed in O.IM NaOH with 
KCN but the transient peaked^ .^ Transients steeper than the curve predicted by 
Pick's law were reported in NACE solution^®, HjS-saturated 3% NaCl with 
0.5% acetic acid^ and acidified NaCP although peaks were observed in the 
latter. The peaks may have been caused by the formation of voids or by changes 
in the conditions at the surface of the specimen. Hutchings and TumbulP 
concluded that the optimum charging environment for producing reliable 
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permeation data for low alloy steels is O.IM NaOH with the charging surface 
palladium coated. However, other authors demonstrated that diffusion 
controlled transport could be achieved in 0.6M NaCl of pH 9.1^, HzS-saturated 
3% NaCl with 0.5% acetic acid^ ® and IM HgSO^ .^ 
2.5.2 Microstructure 
The majority of the papers investigated the effect of microstructure on hydrogen 
uptake and transport in low alloy steels. Lee^ reported that for steels consisting 
of bands of pearlite in a ferrite matrix, hydrogen uptake and transport depend 
on the orientation with respect to the microstructure. 
A number of authors investigated the effect of cold work on hydrogen transport. 
Xie^ ^ reported that cold work decreased the effective diffusivity of spherodised 
AISI 1090 steel. This effect was also reported by Noel et a P for an aluminium-
killed low alloy steel and by Nanis^^ for annealed AISI 4340. Scully^ reported 
that straining decreased the diffusivity of AISI 4340. These studies indicate that 
dislocations act as trap sites in a number of low alloy steels. 
There was a considerable amount of work in the literature on the effect of heat 
treatment on hydrogen uptake and transport. Luppo^ reported that for a carbon-
manganese steel the trap site binding energy was similar for annealed, quenched 
and tempered microstructures. The trap site density was lowest in the annealed 
material and greatest in the quenched material indicating that the trap site 
density is associated with dislocations or lath martensite interfaces. Nanis^^ also 
reported a higher effective diffusivity for armealed AISI 4340 compared to the 
quenched and tempered material. Sakomoto^® confirmed that highest diffusivity 
is obtained for annealed low alloy steels and reported that for quenched and 
tempered steels the diffusivity depends on the tempering temperature. The 
diffusivity of SNCM8 steel increased with tempering at 100 °C, decreased as the 
tempering temperature was increased to 300 °C and then increased as the 
tempering temperature was raised. Dull^ ^ investigated AISI 4340 steel tempered 
at 200, 430 and 650 °C and observed that the diffusivity increased with the 
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tempering temperature confirming Sakaomoto's data. Kim^ reported that for a 
3% Ni-Cr-Mo steel the diffusivity increased with the tempering temperature. In 
contrast, Hutchings^ reported that the effective diffusivity of quenched 
AISI 4340 was an order of magnitude greater than for the tempered steel. 
In general, the effective diffusivity is greatest for annealed steels, lowest for 
quenched material and increases with the tempering temperature. This is 
consistent with trapping at dislocations which are annihilated during tempering. 
The relationship between trapping and dislocations could be confirmed by 
comparing the trap site density directly with the dislocation density for various 
heat treatments. However, it may not be simple to separate the trapping effects 
of dislocations and carbide particles as dislocations may be associated with the 
carbide interface. It should also be stressed that the dominant trap site has been 
identified for only a small number of alloys and it should not be assumed that 
the same microstructural feature will cause trapping for all low alloy steels. 
2.5.3 Surface condition 
Wilde and Chattoraj^^ reported that shot peening did not influence the diffusivity 
but the residual stresses introduced in shot peening lower hydrogen uptake. 
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2.6 CONCLUSIONS 
• Reliable permeation transients cannot be obtained in alkaline 
environments as hydrogen transport is affected by processes occurring on 
the surface of the specimen. 
• Permeation transients produced in acids or environments containing 
poisons are generally steeper then the curve predicted by Pick's law. The 
transients often peak due to void formation or changes in the conditions 
at the charging surface. 
• Reliable permeation transients, controlled by diffusion through the bulk 
of the material, have been obtained in 0.6M NaCl of pH 9.1, HjS-saturated, 
3% NaCl with 0.5% acetic acid, IM H2SO4 and in O.IM NaOH with the 
charging surface palladium coated. 
• The effective diffusivity of low alloy steels is strongly influenced by the 
heat treatment and is greatest for annealed steels, lowest for quenched 
material and increases with the tempering temperature. 
• Cold work lowers the effective diffusivity of low alloy steels. 
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Fig. 2.11 Second permeation transients for AISI 4130 steel with hydrogen. 
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3. MEASUREMENT OF HYDROGEN TRANSPORT 
The aim of the corrosion fatigue tests was to evaluate the impact of long term 
pre-exposure on corrosion fatigue crack growth rates. The time to achieve a 
steady state concentration of hydrogen in a compact tension specimen can be 
calculated provided the effective diffusivity of hydrogen is known. The rate of 
hydrogen transport in a material depends on the hydrogen concentration, Q. 
Therefore, it is important that the diffusivity data used to calculate the charging 
times for the compact tension specimens were measured under similar 
environmental conditions to the corrosion fatigue tests. 
The three alloys studied in the corrosion fatigue tests were AISI 4340, 
BS4360 SOD and 3.5% Ni-Cr-Mo-V steels. It was evident from the review of the 
literature in chapter 2 that Hutchings and TumbulP had obtained reliable data 
for AISI 4340 steel. The permeation specimens were manufactured from the 
same batch of material as the compact tension specimens used in the present 
study. Tests were conducted in aerated 3.5% NaCl solution at about 
-1100 mV (SCE), identical charging conditions to the corrosion fatigue tests. 
Therefore, the charging times for AISI 4340 steel can be calculated using the data 
obtained by Hutchings and TumbulP. 
Lucas and Robinson^^ have characterised hydrogen transport in BS4360 50D but 
the steel had been quenched and tempered to simulate the heat affected zone of 
a weld. Therefore, the data were not applicable to the normalised BS4360 50D 
steel used in the corrosion fatigue tests and it was necessary to conduct further 
tests for this material. 
There were no data in the literature for 3.5% Ni-Cr-Mo-V steel and therefore 
hydrogen permeation tests had to be conducted to characterise hydrogen 
transport in this material. 
The aim of the hydrogen permeation tests was to measure the rate of hydrogen 
transport in BS4360 50D and 3.5% Ni-Cr-Mo-V steels in charging conditions 
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similar to the corrosion fatigue tests. The permeation and compact tension 
specimens were manufactured from the same pieces of material. The initial 
permeation tests were conducted in aerated NaCl to measure hydrogen uptake 
in the environment used for the corrosion fatigue tests. 
3.1 EXPERIMENTAL METHOD 
3.1.1 Materials 
The materials tested were BS4360 SOD and 3.5% Ni-Cr-Mo-V steels with the 
compositions and mechanical properties given in Tables 3.1 and 3.2. The 
BS4360 SOD steel was used in the as-received normalised condition and consisted 
of bands of pearlite in a matrix of ferrite. The 3.5% Ni-Cr-Mo-V steel was used, 
in the as-received forged condition and had a martensitic microstructure. 
Ni Cr Mn C Mo Si Nb V P S Fe 
BS4360 
SOD 




3.51 1.45 0.25 0.25 0.42 0.13 0.14 0.01 0.01 bal. 
Table 3.1 Composition of BS4360 SOD and 3.5% Ni-Cr-Mo-V steels (mass %) 
0.2% proof stress (MPa) UTS (MPa) 
BS4360 SOD 366 529 
3.5% Ni-Cr-Mo-V 893 978 
Table 3.2 Mechanical properties of BS4360 SOD and 3.5% Ni-Cr-Mo-V steels 
54 
3.1.2 Specimen preparation 
The BS4360 SOD specimens were manufactured from a plate of material with the 
orientation such that the permeation flux was perpendicular to the rolling plane 
of the plate. The 3.5% Ni-Cr-Mo-V steel membranes were manufactured from a 
forged piece of steel with the plane of the specimen parallel to the forging 
direction. For both materials, a block of material was cut from the parent steel. 
The block was then cut into parallel slices about 1 mm thicker than the required 
membrane thickness. The slices were cut using spark erosion for the 1 and 2 mm 
BS4360 50D specimens but there is concern that spark erosion may introduce 
hydrogen into the steel. Therefore, a grinding process was used for the 3 and 
4 mm membranes of BS4360 SOD and the 3.5% Ni-Cr-Mo-V specimens. The slices 
of material were ground to the required thickness and lapped to a l]im surface, 
finish. The specimens were then stored in a desiccating cabinet until use. 
Prior to setting up the test, the specimens were polished to a l}im diamond 
finish and then washed with distilled water and degreased with ethanol and 
acetone. The thickness of the membranes was measured at five positions on the 
specimen. The specimen was then degreased with ethanol, acetone and 
1,1,1-trichloroethane. 
The side of the specimen exposed to the charging environment was coated with 
palladium for some tests. A sputter coating technique was used in preference to 
an electrochemical method because of the uncertainty associated with hydrogen 
uptake in the latter. The membrane was placed in the chamber of the sputter 
coater which was evacuated and then flushed at least three times with argon to 
remove any traces of oxygen. The argon pressure was adjusted to 30 Pa. The 
palladium was cleaned by applying a potential of 5.5 kV for 10 minutes. The 
surface of the membrane was etched for 150 minutes at a current density of 
0.3 mA cm"^  to remove the oxide layer. A palladium coating was then applied 
at a current density of 2.1 mA cm'^  for 10 minutes. The time between etching 
and coating was less than 5 s to minimise oxide formation during this period. 
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3.1.3 Experimental apparatus 
The tests were conducted in accordance with the draft British standard for 
permeation testing^®. A two compartment permeation cell based on that of 
Devanathan and Stachurski was used®. Fig. 3.1. All the parts of the cell in contact 
with the solution were constructed from PTFE as it is inert. The O-rings were 
made of Viton rather than nitrile as there is concern that chemicals may leach 
from the latter. The volumes of the oxidation and charging cells were 0.1 and 1.0 
1 respectively. The area of the membrane exposed to the environment in the 
oxidation cell was 4.83 cm^ with the corresponding area in the charging cell 
depending on the thickness of the membrane. The exposed area in the charging 
cell was 4.83 cm^ for the 1 mm membranes. Two types of charging cell were 
used with 2 mm thick membranes with exposed areas of 4.83 cm^ and 6.27 cm .^. 
The exposed area in the charging cell was 10.44 cm^ for 3 and 4 mm membranes. 
A diagram of the experimental apparatus is shown in Fig. 3.2. The electrode 
potential in the oxidation cell was controlled potentiostatically and the oxidation 
current was monitored by measuring the potential across a resistor in the 
counter electrode line using a DMM. A constant current was applied in the 
charging cell using a potentiostat in galvanostatic mode. The electrode potential 
of the charging side of the membrane was monitored continuously using an 
electrometer. The output channels of the DMM and the electrometer were 
monitored using a x-t chart recorder. 
The permeation cell was located in a thermostatic bath at a controlled 
temperature of 22 ± 0.3 °C. The temperature of the solution in the cell was 
measured using a chrome-alumel thermocouple. The temperature of the solution 
in the reservoir was maintained at a temperature similar to that of the water 
bath to avoid temperature gradients through the specimen. 
3.1.4 Environments 
The solution in the oxidation cell was O.IM NaOH. This is commonly used as 
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it provides constant conditions at the surface of the specimen. The solution was 
made with Aristar® grade reagents and triple distilled water to avoid 
contamination. The solution was deaerated with high purity argon. A 
potentiostat was used to control the potential at +300 mV (SCE), with a double 
junction saturated calomel electrode and a platinum electrode used as the 
reference and counter electrodes respectively. 
Tests were conducted using three separate environments in the charging cell, 
namely 3.5% NaCl, buffered sodium acetate and O.IM NaOH. The solutions 
were made using distilled water and Analar® grade chemicals. The 3.5% NaCl 
solution was recirculated from a 20 1 reservoir at an approximate flow rate of 
0.5 1 min'^ to minimise changes in the solution chemistry. For some tests, a 
magnetic stirrer was located in the base of the charging cell to further stimulate 
solution flow and limit changes in the solution at the surface of the specimen. 
The pH of the NaCl solution was maintained at 8.5 ± 0.2 using a pH controller. 
3.1.5 Test procedure 
The membrane was clamped between the oxidation and charging cells with care 
taken to ensure good alignment. The oxidation and charging cells were filled 
with solution and lids placed on both cells. The cells were then vigorously 
deaerated with high purity argon. After about 20 minutes, the potential in the 
oxidation cell was set to +300 mV(SCE) and the oxidation current monitored. 
When a low stable background current, less than 0.05 pA cm'^ , had been 
obtained a cathodic current was applied in the charging cell galvanostatically. 
The currents applied ranged from 0.06 mA cm'^  to 0.5 mA cm'^  dependent on the 
environment. 
In some charging environments, such as 3.5% NaCl and sodium acetate, 
corrosion may occur as soon as the specimen comes into contact with the 
solution. Hydrogen may be produced by the corrosion reaction and consequently 
the concentration of hydrogen on the charging surface of the membrane may be 
non-zero at the start of the transient. To overcome this problem, the solution was 
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not introduced into the charging cell until a low background current had been 
achieved in the oxidation cell. The solution was vigorously deaerated for at least 
an hour prior to entry into the charging cell without exposure to the atmosphere. 
The cathodic current was applied as soon as the solution entered the cell. 
Argon was bubbled through the charging cell continuously for tests in deaerated 
conditions. When the solution was recirculated to the charging cell, argon or air 
was bubbled continuously through the solution in the reservoir. 
When a steady permeation current had been achieved with palladium coated 
membranes, a potential of +300 mV(SCE) was applied in the charging cell to 
discharge hydrogen from the membrane. The permeation current was allowed 
to decay to a low background level and a second transient was obtained by. 
applying a cathodic current. This procedure could not be applied to uncoated 
specimens because the anodic potential would result in corrosion of the surface. 
In some tests, hydrogen was discharged from the membrane by lowering the 
cathodic current and allowing the permeation current to decay to a stable value. 
A second transient was then obtained by increasing the cathodic current. 
Generally, measurement of repetitive transients was made by removing the 
specimens from the apparatus, repolishing, coating, if appropriate, and then 
repeating the permeation test procedure. 
3.2 RESULTS 
In view of the different membrane thicknesses used, it is pertinent to plot the 
results in terms of a normalised flux Q/Jmax) versus the dimensionless 
parameter, x. The flux, J, is calculated using the expression 
J = _ L (60) 
zF 
where I is the current density, F is the Faraday constant and z is the valency, 
which has a value of 1 for hydrogen, t is defined as Dt/a^ where D is the lattice 
diffusion coefficient for iron, t is the time and a is the membrane thickness. A 
value of 7.2 x 10'^  m^ s"^  was used for the lattice diffusion coefficient of iron at 
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295K .^ 
3.2.1 BS4360 SOD 
3.2.1.1 Aerated 3.5% NaCI 
3.2.1.1 .a 2 mm specimens 
Initial tests were conducted in aerated 3.5% NaCl solution with the pH 
controlled at 8.5 ± 0.2 to simulate the environmental conditions in the corrosion 
fatigue tests. A charging current of 0.08 mAcm'^ was applied to give an electrode 
potential of about -1100 mV(SCE). The rising transients measured in aerated 
3.5% NaCl for membranes of 2 mm thickness are shown in Fig. 3.3. The results 
for three separate tests are labelled A, B and C. The curve predicted for lattice 
diffusion in pure iron is also shown, as comparison of the shape of the 
permeation transient with the shape of the curve predicted for Pick's law 
provides information about trap occupancy. All three of the permeation 
transients peaked. The electrode potential drifted from about -1060 mV (SCE) to 
-1200 mV (SCE) during tests A and B indicating that the conditions at the 
surface of the specimen were changing. The transient measured in test C was 
shallower than the Fickian curve predicted for lattice diffusion indicating that 
hydrogen transport was influenced by processes occurring on the surface of the 
specimen. The electrode potential in the charging cell was stable at 
-1270 mV (SCE) during this test. 
The three tests were conducted under the same environmental conditions but the 
electrode potential in test C was different from that in tests A and B. The reason 
for this variation is not evident as the experimental procedure was identical for 
all three tests. 
The peaks observed in the transients may have been caused by the changes in 
the surface conditions or by void formation within the material. The variation 
in the electrode potential during tests A and B is consistent with changes in the 
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conditions at the charging surface. 
A decay transient was produced by lowering the charging current to 
0.04 mA cm'l When a steady permeation current had been obtained the charging 
current was increased to 1.0 mA cm'^  to produce a second transient. The second 
transient was shallower than the Fickian curve which is consistent with changes 
in the conditions at the charging surface of the membrane. 
The value of the sub-surface hydrogen concentration Cq can be calculated from 
the steady state permeation current using Cq = Jg^a/D, where is the steady 
state permeation flux. Since steady state conditions were not obtained for these 
experiments, calculation of Cq based on the steady-state permeation flux is not 
applicable. However, the parameter can be used for comparative, 
purposes. The value for aerated 3.5% NaCl varied from 3.8 x 10"^  to 
8.7 X 10"^  ppm (mass) for a charging current of 0.08 mA cm"^ . The effective 
diffusivity was calculated using the time-lag method. The average value 
measured from tests A and B was 4.0 x 10'" m^s'\ 
3.2.1.1.b 3 mm and 4 mm specimens 
The effective diffusivity measured using 2 mm membranes in aerated 3.5% NaCl 
was not reliable because hydrogen transport was influenced by processes 
occurring on the surface of the membrane. Further tests were conducted using 
thicker specimens to minimise surface effects. The rising transients measured in 
aerated 3.5% NaCl for membranes of 3 and 4 mm thickness are shown in 
Fig. 3.4. The transients for the 3 mm membranes were similar in shape to the 
Fickian curve and one of the transients peaked. The electrode potential was 
steady at about -1000 mV (SCE) in both tests. The average value of Cq was 
6.3 X 10"^  ppm (mass) and the effective diffusion coefficient was 4.5 x 10 " m%'\ 
The transients for the 3 mm specimens were similar to those for the 2 mm 
membranes. The transient for the 4 mm membrane was shallower than the curve 
predicted by Fick's Law indicating that hydrogen transport was influenced by 
processes occurring on the surface of the specimen. The electrode potential was 
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steady at -1140 mV (SCE). 
3.2.1.2 Deaerated 3.5% NaCI 
A permeation transient was measured for a 4 mm membrane in deaerated, 
stirred 3.5% NaCl with the aim of limiting the changes occurring at the surface 
of the specimen. A charging current of 0.07 mAcm'^ was applied to produce a 
potential of -1100 mV(SCE). The transient did not peak. Fig. 3.5. The electrode 
potential drifted more negative during the first two hours of the test but was 
then constant for the remaining 28 hours. The value of Cq was 
4.6 X 10"^  ppm (mass) for a charging current of 0.07 mA cm"^ . The transient was 
steeper than the curve predicted by Pick's law indicating a significant filling of 
trap sites. Therefore, simple interpretation in terms of an effective diffusion 
coefficient is not be valid but it is useful to have an approximate value for 
comparative purposes. The effective diffusivity was 8.4 x 10 " m^s'\ greater than 
the values obtained for the 2 mm and 3 mm specimens. 
The charging current density in deaerated solution was smaller than in aerated 
solution to allow for the oxygen reduction current density in the latter which 
was estimated to be about 0.01 mA cm'^ . The electrode potentials were similar 
in the two solutions. The hydrogen uptake in aerated solution varied from 
3.8 X 10"^  ppm (mass) to 8.7 x 10"^  ppm (mass) compared to 4.6 x 10'^  ppm (mass) 
in deaerated solution. This suggests that oxygen does not have a significant 
effect on hydrogen uptake. 
3.2.1.3 Summary 
The results obtained in NaCl demonstrate the difficulty of interpreting transients 
containing peaks. The data for the 2 mm and 3 mm thick specimens were similar 
suggesting that hydrogen transport was controlled by diffusion through the bulk 
of the material. However, the transient measured for a 4 mm specimen in 
stirred, deaerated NaCl solution was steeper and displaced to shorter normalised 
times compared to the transients for the 2 and 3 mm specimens for similar Cq 
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values. Therefore, for the thinner specimens hydrogen transport was influenced 
by processes occurring on the surface. Demonstration that the normalised 
permeation transients are independent of thickness is not sufficient to verify that 
hydrogen transport is volume controlled when the permeation transients contain 
peaks. 
The transient produced for the 4 mm specimen in stirred, deaerated 3.5% NaCl 
has to be validated by demonstrating that the normalised transient is 
independent of the thickness of the specimen. It is not possible to use a thicker 
specimen because the flux would be too small. The permeation flux is related to 
the thickness of the specimen by the expression Jgg=DCo/a. The steady state 
permeation current for the 4 mm specimen was 8.7 x 10"^  Am'^  which would be 
decreased to about 5.8 x 10"^  Am'^ for a 6 mm specimen. Since the background, 
current is about 2.2 x 10^ Am'^ , reliable measurements could not be made for 
such low permeation currents. Therefore, the measurement could be validated 
only by obtaining reliable transients for 2 mm and 3 mm specimens in other 
environments. 
3.2.1.4 Sodium acetate 
Further tests were conducted in an acidic environment to reduce the likelihood 
of surface filming. A buffered solution was used to minimise changes in the pH 
of the solution close to the surface of the specimen. Hutchings and TumbulF 
conducted permeation tests in sodium acetate solution for AISI 4340. The 
transients contained peaks which were attributed to the formation of voids. 
However, it may be possible to obtain reliable transients in this environment 
provided the charging current is sufficiently low to prevent void formation. 
The charging environment was buffered sodium acetate solution of pH 4.2 and 
a charging current of 0.01 mAcm'^ was applied. The transients measured for a 
2 mm membrane are shown in Fig. 3.6. The first transient peaked but the rising 
part of the curve was steeper than Pick's Law indicating a significant occupancy 
of trap sites. The electrode potential drifted more cathodic during the first four 
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hours of the test and was then stable at about -720 mV (SCE) for the remaining 
two hours. The value of a / D was 4.6 x 10'^  ppm (mass), an order of 
magnitude greater than for NaCl solution, and the effective diffusivity was 
9.8 X 10"" m V \ 
At the end of the first transient, a potential of -620 mV(SCE) was applied on the 
charging side to discharge the hydrogen from the membrane and a second 
transient was then produced by applying a charging current of 0.025 mA cm'l 
The transient was much shallower than the curve predicted by Pick's Law 
indicating that hydrogen transport through the membrane was influenced by 
processes occurring on the surface of the specimen. The electrode potential 
drifted from -680 mV (SCE) to -690 mV(SCE). 
The peaks observed in the first transient may have been caused by changes in 
the surface conditions but as the electrode potential was stable for most of the 
test it is more likely that the peak was due to void formation within the 
material. 
The permeation transient measured for BS4360 SOD steel in sodium acetate was 
not suitable for analysis because its shape was influenced significantly by the 
formation and development of voids. It may be possible to obtain reliable 
transients in this environment using lower charging currents. 
3.2.1.5 Palladium coating 
The transients produced in NaCl and buffered sodium acetate solutions for 2 
and 3 mm membranes were influenced by the changing conditions at the 
charging surface. To eliminate these variations, a palladium coating was applied 
to the charging side of the membrane. The charging environment was 
O.IM NaOH and a current of 0.5 mA cm'^  was applied. 
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3.2.1.5.3 1 mm specimens 
The rising transients measured using 1 mm thick specimens are shown in 
Fig. 3.7. The results of three separate tests are labelled A, B and C. Transient A 
was shallower than Fick's law and the electrode potential changed by about 
50 mV during the test indicating that the conditions at the surface were 
changing. Transients B and C were steeper than Fick's law at low values of 
J / J m a x but shallower at high values of The electirode potential changed by 
about 50 mV in test B and was stable at about -1275 mV in test C. The Cq values 
were similar for the three tests with an average value of 3.2 x 10"^  ppm (mass). 
The average effective diffusion coefficient for tests B and C was 9.3 x 10 " m V \ 
The review of the literature demonstrated that many authors had palladium 
coated the oxidation surface of the membrane to facilitate the oxidation of 
hydrogen atoms. Coating the oxidation side of the membrane with palladium 
may enable diffusion controlled hydrogen transport to be achieved for thinner 
specimens. To investigate this, a test was conducted with a 1 mm specimen 
palladium coated on both sides. The background current was higher and noisier 
than for an uncoated specimen. The permeation current was very low and 
consequently it was not possible to obtain a reliable transient. Coating the 
oxidation side of the membrane should not significantly affect the permeation 
current provided the coating is very much thinner than the specimen. The 
unusually low permeation current measured in this case may be due to 
differences in the characteristics of the palladium coating on the charging side 
of the membrane. 
3.2.1.5.b 2 mm specimens 
Permeation tests were conducted with thicker specimens to demonstrate that 
hydrogen transport was diffusion controlled. The transients measured for 
palladium coated specimens of 2 mm thickness in deaerated O.IM NaOH are 
shown in Pig. 3.8. The results of three separate tests are labelled A, B and C. In 
tests A and B the maximum current remained constant with time and the 
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transients were steeper than Pick's Law indicating a significant filling of trap 
sites. The average value of Cq was 4.9 x 10"^  ppm (mass) for a charging current 
of 0.5 mA cm l The average effective diffusion coefficient for the two transients 
was 9.7 X 10"" m^s \ Transient C was shallower than Pick's law indicating that 
hydrogen transport was impeded by processes occurring on the surface of the 
coating or at the interface between the specimen and the coating. 
3.2.1.5.0 3 mm specimens 
The transients measured for the 3 mm palladium coated specimens are shown 
in Fig. 3.9. Transient A was shallower than Pick's Law. During this test the 
electrode potential drifted from -1275 to -1361 mV (SCE) which may have been 
due to spallation of the palladium coating. Transients B and C were steeper than 
the Pickian curve indicating a significant filling of trap sites. The potential 
drifted from -1185 to -1200 mV (SCE) during the measurement of the transient B. 
There was a peak in transient C which may have been caused by changing 
conditions at the charging surface. However, the electrode potential was stable 
at about -1247 mV (SCE) throughout the test indicating that the peak must have 
been caused by void formation within the bulk of the material. The Cq values for 
transients B and C were 3.0 x 10^ and 7.4 x 10"^  ppm (mass) respectively. This 
is consistent with a more negative potential for the second transient caused by 
differences in the coating. The fact that transient C peaked but not transient B 
suggests that the critical hydrogen content for void formation lies between these 
two values of Cq. The average value of the effective diffusivity was 
9.1 X 10 " mV^ 
The second transient (C) was displaced to shorter times compared to the first 
transient (B), Fig. 3.9. However, the value of Cq was 3.0 x 10"^  ppm (mass) for 
the first transient (B) compared to 7.4 x 10"^  ppm (mass) for the second 
transient (C). Hence, it is not possible to determine whether the difference 
between the first and second transients was due to irreversible trapping or 
differences in the values of Cg. In this case, the presence of irreversible trapping 
can be detected only by analysing the first and second transients and comparing 
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ths dGnsity of trap sites. Xhe density of trap sites would be greater for the first 
transient if irreversible trapping significantly influenced hydrogen transport. 
3.2.1.5.d Decay transients 
Decay transients were produced using 1 and 2 mm membranes by setting the 
potential of the charging side to +0.300 V(SCE) when a steady permeation 
current had been obtained. The results are shown in Fig. 3.10 and the decay 
transient for lattice diffusion in pure iron is shown also for comparison. The 
decay transients were independent of the thickness of the specimen and 
shallower than the curve predicted by Fick's law indicating that a significant 
fraction of trap sites were filled. 
3.2.1.6 Discussion 
Comparison of Figs. 3.9 and 3.10 demonstrates that the normalised permeation 
transients measured for the 2 and 3 mm thick palladium coated membranes 
were independent of the specimen thickness. They were similar to the transient 
measured for a 4 mm thick specimen in deaerated, stirred 3.5% NaCl, Fig. 3.5. 
This demonstrates that for these tests hydrogen transport was controlled by 
diffusion through the bulk of the material. 
The 2 mm membranes had been manufactured using spark erosion and there 
was concern that this may have introduced hydrogen into the material. The 
similarity of the permeation transients with the 3 mm and 4 mm membranes 
which had not been spark eroded indicates that spark erosion did not influence 
the distribution of hydrogen in the material. Spark erosion may not have 
introduced significant amounts of hydrogen into the material. Alternatively, the 
period between spark erosion and starting the permeation tests may have been 
sufficiently long to allow hydrogen to diffuse out of the membrane, assuming 
there was no irreversible trapping. 
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3.2.1.7 Calculation of trapping parameters 
The trapping parameters of BS4360 SOD steel have been calculated by fitting the 
NPL diffusion-trapping modeP® to the experimental transients. The model 
provides a numerical solution to the equations describing hydrogen diffusion in 
the presence of irreversible and reversible traps (equations (25)-(27)). The values 
of X/yx and p were changed systematically until a good fit to the experimental 
data was obtained. Assessment of whether a fit is good can be subjective. One 
approach is to change the parameters, X and p, by 20% and run the model. The 
fit can be considered to be acceptable if the original parameters produce a better 
fit to the experimental data than the new set of parameters. An example of a 
good fit to an experimental permeation transient is shown in Fig. 3.11. 
Using this approach, the model was fitted to the rising transients measured for 
the 2 mm thick specimen, transients A and B in Fig. 3.8. A trap site density, N ,^ 
of (3.7 ± 0.7) X10^^ sites cm'^  and a trap site binding energy, AE, of 
-45.9 ± 0.5 kj mol"^  were calculated. The error bands represent the variation 
between tests. The decay transients were also analysed altiiough the fit to the 
experimental data was not as good as for the rising transients. A trap site 
density of (2.8 ± 0.7) x lO '^' sites cm'^  and a trap site binding energy, AE, of 
-52.0 ± 2.4 kJ mol'^ were calculated. 
To determine whether hydrogen transport was influenced by irreversible 
trapping, the diffusion-trapping model was fitted to the first and second 
permeation transients (transients B and C in Fig. 3.9). The trapping parameters 
for the two transients were similar indicating that irreversible traps could not be 
detected. The irreversible traps may have been filled during the manufacturing 
process or irreversible trapping may not influence hydrogen transport in 
BS4360 SOD steel. 
The NPL diffusion-trapping model assumes a homogeneous microstructure with 
evenly distributed trap sites. BS4360 SOD steel consists of pearlite bands in a 
ferrite matrix and consequently the value of the trap density should be 
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considered as only approximate. 
3.2.2 3.5% Ni-Cr-Mo-V steel 
3.2.2.1 Aerated 3.5% NaCI 
Tests were conducted in aerated 3.5% NaCl solution of pH 8.5 ± 0.2 to simulate 
conditions in the corrosion fatigue tests. A charging current of 0.08 mAcm'^ was 
applied to give an electrode potential of about -1100 mV(SCE). The rising 
transient measured for a 2 mm membrane is shown in Fig. 3.12. The shape of 
the transient is unusual as the current increased, remained constant for 13 hours 
and then started to rise again. It was assumed that steady state conditions had 
been achieved for the 13 hour period when the permeation current was constant 
and the value of Cq calculated on this basis was 7.6 x 10"^  ppm (mass). The 
electrode potential drifted from -1118 mV to -1035 mV(SCE) during the test. This 
indicates that the conditions at the surface were changing significantly during 
the test. These changes may have been associated with the presence of oxygen 
and hence further tests were conducted in deaerated 3.5% NaCl to eliminate 
variations in the conditions at the surface. 
3.2.2.2 Deaerated 3.5% NaCl 
The rising transients measured in deaerated 3.5% NaCl for membranes of 1 mm 
and 2 mm thickness are shown in Fig. 3.13. A charging current of 0.06 mAcm'^ 
was applied to produce a potential of about -1100 mV(SCE). The transients for 
the 1 mm membranes peaked but this was not observed for the 2 mm 
membranes. The rate of decay of the permeation current for the 1 mm 
membranes was considered to be sufficiently small that it did not influence the 
shape of the permeation transient. The transients were steeper than the curve 
predicted by Fick's law indicating a significant filling of trap sites. The average 
value of Co for the four tests was 1.6 x 10'^  ppm (mass) for a charging current 
density of 0.06 mA cm'^  and the average diffusion coefficient was 
5.3 X 10'^ ^ m V \ 
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The normalised permeation transients were not affected by the thickness of the 
specmien. This demonstrates that the specimens were sufficiently thick to ensure 
that hydrogen transport was determined by diffusion within the volume of the 
material. The first and second transients were similar indicating that irreversible 
trapping was not detected. 
The hydrogen uptake in aerated solution was 7.6 x 10"^  ppm (mass) compared 
to 1.6 X 10'^  ppm (mass) in deaerated NaCl. This suggests that oxygen retards 
hydrogen entry but the difference may be due to experimental variability 
between tests. Further tests would be required to determine whether oxygen 
impedes hydrogen uptake in 3.5% Ni-Cr-Mo-V steel. 
3.2.2.3 Calculation of trapping parameters 
The trapping parameters were calculated by fitting the NPL diffusion-trapping 
modeP® to the experimental data. A trap site density, of 
(4.9 ± 0.6) X10^ ® sites cm'^  and a trap site binding energy, AE, of 
-50.3 ± 0.3 kj mol'^ were calculated. The error bands refer to the differences 
between the trapping parameters calculated from different tests. 
3.3 DISCUSSION 
3.3.1 Peaks in transients 
Peaks were observed in several of the permeation transients measured for 
BS4360 50D and 3.5% Ni-Cr-Mo-V steels. Peaks can be caused by changes in the 
surface conditions or by the formation and development of voids within the 
material. The peaks observed in the transients measured in 3.5% NaCl were 
caused by changes in the surface conditions. The peaks in the transients 
measured for 3.5% Ni-Cr-Mo-V steel in deaerated NaCl were eliminated by 
increasing the thickness of the membrane from 1 to 2 mm. 
A palladium coating was applied to BS4360 SOD steel to limit changes at the 
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surface of the specimen and hence eliminate peaks. Peaks were not observed in 
the transients measured for a Q value of 3.8 x 10"^  ppm (mass) but the transient 
with a value of J^ax^/D of 7.3 x 10"^  ppm (mass) did peak. This suggests that the 
peaks were caused by void formation and that there is a critical value of } ^ a / D 
below which the rate of void growth does not affect the permeation transients. 
The critical value is between 3.8 x 10^ and 7.3 x 10"^  ppm (mass) for BS4360 SOD. 
The value of ]^^a/D for the test in sodium acetate was 4.6 x 10'^  ppm (mass), 
above the critical value, suggesting that the peak in the transient was probably 
caused by void growth. 
The maximum value of Cq observed for 3.5% Ni-Cr-Mo-V steel in deaerated 
3.5% NaCl solution was 1.7 x 10'^  ppm and this transient did not peak. 
Therefore, the critical hydrogen content for void formation in 3.5% Ni-Cr-Mo-V 
steel is greater than 1.7 x 10"^  ppm. 
The critical hydrogen content for void formation is greater for 3.5% Ni-Cr-Mo-V 
steel than for BS4360 50D steel. This suggests that the critical hydrogen content 
may be related to the yield strength of the material as 3.5% Ni-Cr-Mo-V steel has 
a yield strength of 893 MPa compared to 366 MPa for BS4360 50D steel. 
Hutchings and TumbulP reported a critical hydrogen content of 
2.7 X 10'^  ppm (mass) for AISI 4340 steel with a yield strength of 1203 MPa. 
3.3.2 Effective diffusivity 
The effect of charging conditions on the effective diffusivity can be demonstrated 
by comparing the first and second transients measured for a palladium coated 
3 mm membrane of BS4360 SOD, transients B and C in Fig. 3.9. Although the 
applied charging current was O.S mA cm'^  for both tests, the sub-surface 
hydrogen concentration, Cq, was 2.9 x 10^ ppm (mass) for transient B compared 
to 7.3 X 10"^  ppm (mass) for transient C. The variation in the values of Cq may 
be due to differences in the characteristics of the palladium coatings although 
the same coating procedure was used in both cases. Transient C was steeper 
than transient B and displaced to shorter times giving an effective diffusivity of 
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1.7 X 10'^ ° m s^'^  compared to 9.1 x 10 " m V . The NPL diffusion-trapping model^^ 
was fitted to the two transients and similar values of the trap site density were 
calculated. Therefore, hydrogen transport is not influenced by irreversible 
trapping and the difference in the effective diffusivities measured for the two 
transients was caused by variations in the sub-surface hydrogen concentration. 
The effect of hydrogen concentration on the effective diffusivity can be explained 
by trapping theory. Transients measured in the regime of low trap occupancy 
are similar in shape to the curve generated by Pick's law. However, under 
aggressive charging conditions, the fractional occupancy of trap sites is 
significant and the transient is steeper than the curve predicted by Pick's Law. 
At the start of the transient most of the trap sites are empty so hydrogen 
transport is retarded by trapping. At longer times, an increasing number of trap 
sites are occupied and the effect of trapping is consequently lessened, since there 
are fewer vacant trap sites for hydrogen atoms to enter. Therefore, as the value 
of Cq increases, the transient becomes steeper increasing the effective diffusivity. 
To investigate the dependence of the effective diffusivity on Cq, the trapping 
parameters of BS4360 SOD and 3.5% Ni-Cr-Mo-V steels were used as input data 
for the NPL diffusion-trapping modeP^. The effective diffusivities were 
calculated from the theoretical permeation transients using the time-lag method. 
The effect of Cq on the effective diffusivities of BS4360 SOD and 
3.5% Ni-Cr-Mo-V steels is shown in Fig. 3.14. The reliable experimental data 
obtained for BS4360 SOD and 3.5% Ni-Cr-Mo-V steels are shown for comparison 
and are in good agreement with the model. The effective diffusivity of AISI4340 
steel was predicted also using the trapping parameters calculated by Hutchings 
and TumbulP^, Pig. 3.14. 
It can be seen from Pig. 3.14 that at low values of Cq (low trap occupancy) the 
effective diffusivity is independent of Cq as predicted by Oriani^ .^ As Cq increases 
the effective diffusivities increase and tend towards the value for lattice 
diffusion, 7.2 x 10'^  m^ s"^  for bcc iron. This corresponds to the situation where 
trapping has no impact because all the trap sites are occupied. 
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The relationship between Dgg and Cg can be calculated more simply using the 
expression derived by McNabb and Foster", equation (54). However, neither 
analysis takes into account the development and growth of voids which will 
lower the effective diffusivity at higher values of Cq. For example, the effective 
diffusivity of BS4360 SOD in sodium acetate solution was 9.8 x 10 " m s^'^  for a 
Co value of 4.6 x 10'^  ppm (mass) whereas the predicted value from Fig. 3.14 is 
2.2 X 10'^ " m V \ Johnson^'' has developed a model to predict the effect of the 
development of voids on the effective diffusivity, equation (41). However, the 
influence of voids on the effective diffusivity of BS4360 50D, 3.5% Ni-Cr-Mo-V 
and AISI 4340 steels cannot be incorporated into the present analysis as the 
values of the constant a in equation (41) are not known. This data could be 
determined by conducting a series of permeation tests in aggressive 
environments which generate high values of Q . 
It can be seen from Fig. 3.14 that the effective diffusivity can vary by an order 
of magnitude depending on the charging conditions. Therefore, it is important 
that calculations of the charging times for EAC tests are based on values of the 
effective diffusivity measured in a similar environment. 
3.3.3 Charging times for corrosion fatigue tests 
The aim of the permeation tests was to estimate the time to develop a steady 
state concentration of hydrogen in the compact tension specimens used in the 
corrosion fatigue tests. The permeation transients measured in aerated 
3.5% NaCl at a potential of -1100 mV(SCE) were affected by changes occurring 
in the charging conditions at the surface. Consequently, the data are not relevant 
to 22 mm thick compact tension specimens, for which hydrogen transport will 
be controlled by diffusion through the bulk of the material. However, the 
effective diffusivity can be calculated from Fig. 3.14 using the Cq values 
measured in the permeation tests. 
The values of for BS4360 50D and 3.5% Ni-Cr-Mo-V steels in aerated 
3.5% NaCl at a potential of -1100 mV(SCE) and the corresponding effective 
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diffusivities are given in Table 3.3. The Cq values were similar for the two 
materials but the effective diffusivity was 40 times greater for BS4360 SOD than 
for 3.5% Ni-Cr-Mo-V steel. The values for AISI 4340 steel from the work of 
Hutchings and TumbulF are given also for comparison. 
The time dependence of the hydrogen concentration in a compact tension 
specimen^^ is illustrated in Fig. 3.1S. The calculations are based on the 
assumption that trap occupancy is low and the permeation transient is similar 
in shape to Pick's curve. The time to charge a compact tension specimen to 
steady state is infinite but the hydrogen distribution at a time, 1.5L^/D, can be 
approximated to steady state conditions. On this basis, the time to charge a 22 
mm compact tension specimen to steady state would be 22 days for BS4360 SOD 
steel, 700 days for 3.5% Ni-Cr-Mo-V steel and 233 days for AISI 4340 steel. 
In practice, the permeation transients measured for BS4360 SOD and 
3.5% Ni-Cr Mo-V steels in charging conditions similar to the corrosion fatigue 
tests were steeper than the curve predicted by Pick's law, indicating that a 
significant fraction of the trap sites were occupied. Therefore, the charging times 
have to be calculated using the NFL diffusion-trapping model with the trapping 
parameters as input. The time to charge a 22 mm thick compact tension 
specimen is 12 days for BS4360 SOD steel compared to 216 days for 
3.5% Ni-Cr-Mo-V steel and 118 days for AISI 4340 steel. 
Calculations based on Pick's law overestimate the time to charge a specimen to 
steady state when a significant fraction of trap sites are occupied. Por example, 
calculations based on the effective diffusivity overestimated the time to charge 
a compact tension specimen of 3.5% Ni-Cr-Mo-V steel to steady state by a factor 
of 3. 
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Co (ppm (mass)) Deff ( m V ) 
BS4360 SOD 6.9 X 10"^  9.7 X 10 " 
3.5% Ni-Cr-Mo-V 7.6 X 10"^  3.0 X 10-'^  
AISI 4340 8.7 X 10-" 9.0 X 10'^ ^ 
Table 3.3 Values of Cq and the effective diffusion coefficient for BS4360 SOD, 
3.5% Ni-Cr-Mo-V and AISI 4340 steels in aerated 3.S% NaCl at a 
potential of -1100 mV(SCE). 
3.3.4 Comparison with data in the literature 
Reliable permeation data in the literature for materials similar to BS4360 SOD 
and 3.5% Ni-Cr-Mo-V steels are limited. Lucas and Robinson^^ conducted 
hydrogen permeation tests using BS4360 SOD steel but the steel had been 
quenched and tempered to simulate the heat affected zone of a weld. Since the 
diffusivity is strongly dependent on the microstructure of the steel, the data for 
quenched and tempered steel cannot be compared with the data for normalised 
steel obtained in the present work. 
Luppo and Ovejero-Garcia^^ conducted tests using a normalised ferritic carbon-
manganese steel similar in composition to BS4360 SOD steel. The reliability of the 
data carmot be assessed as the test conditions were not reported in sufficient 
detail. The effective diffusivity reported by Luppo and Ovejero-Garcia was 
1.4 X 10'^ ° m s^'^  for a Q value of 4.2 x 10'^  ppm (mass). This is an order of 
magnitude lower than the value predicted from Fig. 3.14 but the formation of 
voids may lower the diffusivity in practice. The Q value is above the critical 
hydrogen content for void formation measured in the present work. The trap site 
binding energy calculated by Luppo and Ovejero-Garcia was -46 kJ mol ^ which 
is similar to the value measured for BS4360 SOD in the present study. The trap 
site density was 2.9 x 10^ ^ sites cm ^ an order of magnitude lower than the value 
calculated for BS4360 SOD steel. 
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3.3.5 Influence of microstructure on hydrogen transport 
The density of trap sites in 3.5% Ni-Cr-Mo-V steel was more than an order of 
magnitude greater than in BS4360 SOD steel. The binding energies were broadly 
similar for the two steels, -46.5 ± 0.5 kj mol'^ for BS4360 50D steel and -
50.3 ± 0.3 kJ moP for 3.5% Ni-Cr-Mo-V steel. This suggests that the same 
microstructural feature may act as a trap site in both steels. The review of the 
literature indicated that trapping in low alloy steels is usually associated with 
either dislocations or carbides. 
A brief metallographic examination of the steels was conducted to establish the 
relationship between the carbide content and the trap site density. The area 
fraction of carbide particles was measured using a high resolution scanning, 
electron microscope, sampling 10 separate areas of 10 pm^ on each specimen. 
The interfacial area of the carbides was then estimated from the average size of 
a carbide particle in the material. The results are given in Table 3.4, with the 
variation given in terms of the standard deviation. The interfacial area is lower 
for BS4360 50D steel which has a smaller trap site density. However, the 
interfacial area of 3.5% Ni-Cr-Mo-V steel is 3 times greater than BS4360 50D 
whereas the trap site density is an order of magnitude higher. It was not 
possible to conclude from this brief metallographic examination whether 
trapping is associated with carbide particles in BS4360 SOD and 
3.5% Ni-Cr-Mo-V steels. Further work would be required to clarify the 







BS4360 SOD 39.1 ± 7.9 3.0 X 1.0 2.0 ± 0.4 
3.5% Ni-Cr-Mo-V 26.1 ± 5.1 0.4 X 1.0 6.5 ± 1.3 
Table 3.4 Area fraction of carbides, interfacial area and average size of 
carbide particles in BS4360 SOD and 3.5 wt% Ni-Cr-Mo-V steels 
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3.4 CONCLUSIONS 
• A reliable method for determming the effective diffusivity and trapping 
parameters of low alloy steels was developed. 
• The effective diffusivities of BS4360 SOD and 3.5% Ni-Cr-Mo-V steels in 
3.5% NaCl at a potential of -1100 mV(SCE) varied by a factor of 40, with 
BS4360 50D and 3.5% Ni-Cr-Mo-V steels having values of 9.7 x 10'" mV^ 
and 2.0 x 10'^ ^ m s^'^  respectively. 
• The density of reversible trap sites was (3.2 ± 1.0) x 10^ sites m'^  for 
BS4360 SOD steel compared to (4.9 ± 0.6) x 10^ ^ sites m"^  for 
3.5% Ni-Cr-Mo-V steel. 
• No irreversible trapping was detected in BS4360 SOD and 
3.5% Ni-Cr-Mo-V steels. 
• The trap site binding energies were similar for the two alloys, being 
-46.5 ± 0.5 kj mol'^ for BS4360 SOD and -50.3 ± 0.3 kj mol'^ for 
3.5% Ni-Cr-Mo-V steel. 
• The time to charge a 22 mm thick compact tension specimen to steady 
state in 3.5% NaCl solution at a potential of -1100 mV(SCE) was estimated 
as 12 days for BS4360 SOD steel compared to 216 days for 
3.5% Ni-Cr-Mo-V steel. 
• Calculations based on the effective diffusivity overestimate the time to 
achieve a steady state concentration of hydrogen by up to a factor of 3. 
• It was demonstrated theoretically that the effective diffusivity is strongly 
dependent on the hydrogen content. Therefore, the charging conditions 










Fig. 3.1 Schematic diagram of permeation cell 
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Thermocouple Charging Membrane Oxidation 
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Fig. 3.3 Rising permeation transients for 2 mm membranes of BS4360 SOD steel in aerated 3.S% NaCl 
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Fig. 3.4 Rising permeation transients for BS4360 SOD steel in aerated 3.S% NaCl 
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4. REVIEW OF LITERATURE ON CORROSION FATIGUE OF LOW ALLOY 
STEELS 
Corrosion fatigue is one of the main factors limiting the lifetimes of offshore 
structures. The development of cracks in structural tubulars cannot be prevented 
and appropriate monitoring, inspection and maintenance are required to ensure 
safe and reliable operation. Most decisions about the inspection period and the 
maintenance programme are based on empirical models which extrapolate data 
generated in the laboratory to predict behaviour in service. However, it is 
recognised that deterministic models of corrosion fatigue have virtues and there 
have been efforts to develop this type of model. 
The enhanced cyclic crack growth rates of steels in marine environments, 
compared to air are considered to be due to hydrogen embrittlement. This 
is a process of a number of stages, namely: 
1. Generation of hydrogen atoms 
2. Absorption of hydrogen atoms into the steel 
3. Transport and localisation of hydrogen atoms in the steel 
4. Interaction of the material with the absorbed hydrogen atoms 
The generation and absorption of hydrogen atoms on a metal surface were 
described in detail in chapter 2. The processes occurring at the tip of a fatigue 
crack are similar but the effect of cyclic loading has to be taken into account. 
Localised straining at the crack tip disrupts any film present and thus increases 
the kinetics of the reaction at the crack tip. Boomer et aP have measured the 
current densities of structural steels cathodically polarised in simulated crack tip 
environments. The surface of the steel was scraped to simulate the effect of 
crack tip straining. Scraping the surface of the steel enhanced current densities 
by a factor of 10^ . 
Transport of hydrogen atoms in a metal was described in equations (25) to (27) 
in section 2.3.2. These equations can be modified simply to account for the 
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effects of stress on hydrogen transport®". 
f . DV=C . V ( - (61) 
§ = Nf) ^ ^ e,(,) ^ (62) 
§ = N,(,) ^ . „ , ) ^ (63) 
| : = k , C ( 1 - f l , ) - p A 4 ^ (64) 
(65) 
where is the partial molar volume of hydrogen atoms and is the 
hydrostatic stress. Regions of hydrostatic stress have low chemical potential and 
therefore hydrogen atoms tend to diffuse to these regions. In the discussion of 
hydrogen transport in chapters 2 and 3, it was assumed that the density of trap 
sites was constant throughout the material. This assumption is not valid for the 
material around the crack tip as the number of trap sites may depend on the 
strain which varies with the distance from the crack tip. The density of trap sites 
may also vary with time as plastic deformation generates new trap sites. 
Therefore, the densities of reversible and irreversible, and Nj, are expressed 
as functions of time in equations (62) and (63). 
The description of hydrogen transport given in equations (61)-(65) does not 
account for transport of hydrogen atoms by dislocations. This may be an 
important factor in moving hydrogen atoms ahead of a crack tip. However, 
transport of hydrogen atoms by dislocations is confined to a single grain since 
dislocations carmot move across grain boundaries. 
A number of mechanisms have been proposed to explain the influence of 
absorbed hydrogen atoms on the mechanical properties of a material. The 
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primary mechanism of relevance to low alloy steels is hydrogen-enhanced local 
plasticity which was first proposed by Bimbaum®^ The role of hydrogen is to 
enhance plasticity on a microscopic scale but the deformation is very localised. 
Consequently, on a macroscopic scale the deformation appears small and the 
fracture surface has a brittle appearance at low magnifications. The mechanism 
by which hydrogen enhances plasticity involves localisation of hydrogen atoms 
at the crack tip. This causes a reduction in the flow stress and results in localised 
dislocation slip which leads to fracture. The details of the process by which 
fracture occurs are not known but one possibility is that voids are created along 
slip bands. The strongest evidence for a hydrogen-enhanced local plasticity 
mechanism is the TEM studies conducted for low alloy steels, stainless steels, 
aluminium alloys and nickel-based alloys. A specimen was loaded in vacuum. 
Hydrogen gas was then introduced into the chamber and it was observed that. 
dislocation sources began to operate and the velocities of dislocations increased. 
Dislocation movement ceased when the hydrogen gas was removed from the 
chamber. In addition, hydrogen reduced the stress for dislocation movement. 
An alternative mechanism for hydrogen embrittlement is that localisation of 
hydrogen atoms ahead of the crack tip lowers the local cohesive force acting 
against the separation of metal atoms. In this case, the failure criterion is a local 
tensile stress which exceeds the local cohesive force in the presence of hydrogen 
atoms. This model was proposed by Oriani^ ^ but he did not explain the 
mechanism by which hydrogen atoms lower the cohesive force. 
It is evident from this brief description of cracking due to absorbed hydrogen 
atoms that there are a large number of mechanical, environmental and material 
variables which may influence the corrosion fatigue crack growth rate. It is not 
economically viable to conduct corrosion fatigue tests for every set of conditions 
that may be encountered in service. Therefore, an understanding of the effects 
of mechanical, environmental and material variables is necessary to predict the 
behaviour of materials under a range of conditions. In this chapter, the 
laboratory data for the corrosion fatigue of low alloy steels in marine 
environments are reviewed and the main factors affecting crack propagation are 
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summarised. The deterministic models of corrosion fatigue are then described 
and their ability to predict the effects of variables such as frequency are 
discussed. 
4.1 CRACK PROPAGATION KINETICS 
In general, the fatigue lifetime of a structure is comprised of the time to initiate 
a crack and the time for crack propagation. For welded structures, the fatigue 
lifetime is dominated by crack propagation because the welding process 
introduces defects which act as sites for crack initiation. Corrosion fatigue cracks 
in offshore structures usually develop at welded joints and consequently data 
on the corrosion fatigue crack growth rates of steels can be used to predict the 
lifetimes of structures. 
4.1.1 Stress intensity factor range 
The crack growth rate, (da/dN), is a function of the stress field around the crack 
tip. This is expressed in terms of the range of the stress intensity factor, AK, 
which is related to the macroscopic stress by the expression 
AK = a Ac yfiTa (66) 
where a is a geometric factor, Aa is the nominal stress amplitude and a is the 
crack length. 
A typical plot of log ( - ^ ) vs log (AK) is shown in Fig. 4.1® .^ In air, log (da/dN) 
dN 
was proportional to log (AK) over a large range of values of AK and the 
behaviour can be described by the Paris law, 
— = c(AK)" (67) 
dN 
where c and n are constants. However, near threshold, and at high values of AK, 
dd 
the curve of log vs. log AK was steeper than the Paris law described. 
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The effect of AK on corrosion fatigue crack growth rates in 3.5% NaCl solution 
was more complicated®^. The data shown in Fig. 4.1 were obtained for a pipeline 
steel, X-65, polarised at -1040 mV (SCE). The threshold value of AK was slightly 
higher than in air. Above threshold, the cyclic crack growth rate was strongly 
dependent on AK, increasing more rapidly than in air. At higher values of AK, 
the slope of the curve of log ( . ^ ) vs log AK decreased and a plateau region 
was observed in which the corrosion fatigue crack growth rate was independent 
of AK. At still higher values of AK, the crack growth rates in NaCl solution were 
similar to those in air as K^^ x approached the value at which unstable crack 
propagation occurs. 
The corrosion fatigue behaviour shown in Fig. 4.1 is typical of low alloy steels 
in marine environments. Similar behaviour was reported for API-2H steel at 
-1000 mV(SCE) in 3.5% NaCP, for X-65 steel at -1000 mV(SCE) in 3.5% N a C F 
and for HT660 steel in artificial seawater at -1200 mV(SCE)®®. However, a plateau 
region in which the cyclic crack growth rates were independent of AK was not 
observed for all material-environment systems. For X-65 steel in 3.5% NaCl at 
do. 
the free corrosion potential, the slope of the curve of log — vs log AK 
dN 
decreased at intermediate values of AK but the cyclic crack growth rate 
remained dependent on AK. Similar behaviour was reported for HY130 steel in 
3.5% NaCl at -670 mV(SCE) and at -1030 mV(SCE)"" and for HT660 steel in 
artificial seawater at -800 mV(SCE) and -1000 mV(SCE)®'. For X-65 steel and 
HT660 steel, the cyclic crack growth rates at intermediate values of AK became 
independent of AK as the potential became more cathodic. 
In general, the effect of AK on cyclic crack growth rates is similar for low alloy 
steels in marine environments. Above threshold, the fatigue crack growth rate 
increases more rapidly in solution than in air with the crack growth rate strongly 
dependent on AK. At higher values of AK, the slope of the curve of 
log vs log AK decreases and, in some material-environment systems, the 
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corrosion fatigue crack growth rate becomes independent of AK. At still higher 
values of AK, the crack growth rates in solution are similar to those in air as K ^ 
approaches the value at which unstable crack propagation occurs. 
The effect of the stress intensity factor on cyclic crack growth rates is primarily 
due to the stresses at the crack tip. However, several of the stages in the process 
of corrosion fatigue are influenced by the stress intensity factor. 
Tumbull and Saenz de Santa Maria^ predicted that the amount of hydrogen 
produced at the crack tip is mildly dependent on the stress intensity factor. As 
the stress intensity increases the crack opening increases and consequently the 
pH becomes less alkaline and the potential drop decreases. Both these factors 
tend to increase the cathodic current density at the crack tip. In addition, as the 
stress intensity factor increases the area of bare metal produced at the crack tip 
per cycle increases which enhances the cathodic current at the crack tip. The 
dependence of the crack tip current density on the stress intensity factor is 
shown in Fig. 4.2. 
4.1.2 Frequency 
Low AK 
The effect of frequency on crack growth rates depends on the value of AK. 
Gangloff^^ observed that the crack growth rates of API-2H and 4130 steels in 
3% NaCl at -1000 mV(SCE) were independent of frequency at low values of AK, 
such as 10 MPam^. The results plotted in Fig. 4.3 were obtained for a constant 
del 
value of AK in the steeply rising portion of the log - ^ v s log AK curve. 
Vosikovsky^ '^®^ confirmed the results obtained by Gangloff. He reported that the 
crack growth rates of X-65 and HY130 steel in 3.5 wt% NaCl at the free corrosion 
potential and at -1040 mV(SCE) were independent of frequency for values of AK 
less than 10 MPam^. 
97 
Matsuoka et aP® investigated the effect of frequency on the crack propagation of 
a high strength steel, HT80, in aerated 3% NaCl at the free corrosion potential. 
A constant value of AK of 5 MPam^ was maintained throughout the tests. This 
was achieved by increasing the minimum load as the crack length increased 
while the maximum load remained constant. Consequently, the stress ratio was 
not constant during the test. Matsuoka reported that decreasing the frequency 
increased the crack growth rates, with saturation occurring below 0.3Hz. 
However, this result is only meaningful if the comparison was made at the same 
stress ratio and it is not clear that this was the case. 
Plateau region 
The influence of frequency in the plateau regime is very different to that at low 
values of AK. Gangloff^ conducted a comprehensive study of the effect of 
frequency on the plateau crack growth rates of API-2H steel at a potential of 
-lOOOmV(SCE) in 3% NaCl, Fig. 4.4. The measurements were made for short 
cracks, with lengths ranging from 0.4 mm to 3.6 mm. At frequencies above 20Hz, 
the crack growth rates in the environment were similar to those in air. As the 
frequency decreased, the crack growth rate increased mildly initially. There was 
a rapid increase in the crack growth rate as the frequency was decreased 
between 4.0 and 0.1 Hz but below 0.1 Hz the crack growth rate was only mildly 
dependent on the frequency. 
Ouchi and Koyabashi^^ reported that the plateau crack growth rates of HT 660 
steel at -1200 mV(SCE) increased as the frequency decreased from 0.83 Hz to 
0.017 Hz, Fig. 4.5. However, it can be seen from Fig. 4.5 that it may be 
misleading to compare crack growth rates at a single value of AK. For example, 
comparison of crack growth rates at a value of AK of 23 MPam^ would suggest 
that crack growth rates increase as the frequency decreases from 0.83 Hz to 
0.17 Hz but at lower frequencies the crack growth rate is independent of 
frequency. This is similar to the conclusion drawn by Gangloff, Fig. 4.4. 
However, as the frequency decreases the value of AK at which the plateau 
region starts increases. Therefore, at a given value of AK the crack growth rates 
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may be in the plateau region for the higher frequencies but not for the lower 
frequencies. 
Several authors reported that the plateau crack growth rates increased as the 
frequency decreased. Vosikovsky^^-^^ observed that the plateau crack growth 
rates of X-65 and HY130 steels in 3.5 wt% NaCl at the free corrosion potential 
and at - 1040 mV(SCE) increased as the frequency was decreased from 10 Hz to 
O.OlHz. Hinton and Proctor^® investigated the effect of frequency on the 
corrosion fatigue crack growth rates of X-65 steel in 3.5% NaCl at 
-1000 mV(SCE). The cyclic crack growth rate in the plateau region increased as 
the frequency was decreased from 10 Hz to 0.1 Hz. Miller et a P reported that 
the crack growth rates of AISI 4340 steel in distilled water increased as the 
frequency was decreased from 5 Hz to 0.5 Hz. 
Hirose and Mura^ reported that the plateau crack growth rate of AISI 4340 steel 
in 3.5 wt% NaCl solution at the free corrosion potential increased by a factor of 
4 as the frequency was increased from 0.1 Hz to 10 Hz. 
Scott and Silvester®^ investigated the effect of frequency on the cyclic crack 
growth rates of BS4360 50D freely corroding in seawater. The crack growth rates 
at specific values of AK were compared and it was observed that the crack 
growth rate increased as the frequency decreased from 1 Hz to 0.01 Hz. 
In summary, plateau crack growth rates generally increase as the frequency 
decreases. Gangloff reported that the crack growth rate saturates at low 
frequencies but this observation was based on comparison of crack growth rates 
at a single value of AK and was not observed by other authors. 
Scott et al" investigated the effect of changing the frequency on the fatigue crack 
growth rates of BS4360 50D freely corroding in seawater. There is not a clearly 
defined plateau region for this material-enviroimient system but the tests were 
conducted at a constant value of AK of 12 MPam^. At the start of the test there 
was an incubation period of 16 days before a constant crack growth rate was 
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obtained. On changing the frequency after the incubation period there was a 
transient period of 1-2 days before the steady state crack growth rate at the new 
frequency was attained. However, this time-dependent phenomenon was not 
observed at a value of AK of 14 MPam^. 
There are two stages in the cracking process which are strongly dependent on 
time, namely generation of hydrogen at the crack tip and hydrogen transport 
ahead of the crack tip. As the frequency decreases, there is more time available 
per cycle for reactions at the crack tip and consequently increased hydrogen 
production during the cycle. Wei^ has proposed that the cyclic crack growth rate 
is controlled by the amount of hydrogen produced per cycle. As the load 
increases during a fatigue cycle, the film at the crack tip is ruptured and the 
current density increases as bare metal surface is exposed. The current density, 
then decreases as a film reforms on the bare metal. Wei has suggested that at 
very low frequencies, there is sufficient time for the film to form over the entire 
surface at the crack tip. Consequently, the amount of hydrogen produced does 
not increase as the frequency is decreased further and crack growth rates would 
be expected to become independent of frequency. In practice, plateau crack 
growth rates remained dependent on frequency. 
Tumbull and Saenz de Santa Maria^ have modelled the effect of frequency on 
the crack tip current density at the crack tip. The current per cycle is plotted vs 
frequency in Fig. 4.6. The amount of hydrogen produced per cycle increases with 
frequency as suggested by Wei. Scott et al^ ^ proposed that the fatigue crack 
growth rate depends on the amount of hydrogen which has accumulated in the 
material over a number of cycles. The data in Fig. 4.6 indicate that decreasing 
the frequency would diminish the time averaged current density at the crack tip. 
In this case, the total hydrogen content of the steel after a certain period of time 
would be smaller for lower frequencies and the crack growth rate would 
decrease as the frequency decreased. Clearly, this contradicts the observed 
behaviour. 
Hydrogen transport ahead of the crack tip is also dependent on time. Holroyd 
100 
and Hardie^^ and Austen et aP® have proposed models for hydrogen 
embrittlement on the basis that the rate limiting step is be the diffusion of 
hydrogen through the crack tip plastic zone. The models predicted that the crack 
growth rate would be inversely proportional to the square root of the frequency. 
m A 
1 
l o g — = % log— + constant (69) 
dd. 1 
Indeed the slope of the plot of log — vs log — produced by Gangloff, Fig. 4.3, 
was about Vi in the intermediate regime. 
Scott^ ^ considered that the transient effects observed when the frequency was 
changed could be explained in terms of accumulation of hydrogen in the plastic 
zone. He commented that the duration of the transition period was similar to the 
time taken for hydrogen to diffuse through the plastic zone size. The value of 
the diffusion coefficient used by Scott was not reported but the effective 
diffusion coefficient for BS4360 SOD can be estimated from Fig. 3.15 as 
7.0 X 10 " m s^'^  for low Cq values. Using this value, the time to charge a plastic 
zone, 485 ]am in length, corresponding to a value of AK of 12 MPam^, is 
estimated to be about 1 hour which is considerably shorter than the transient 
periods measured. The diffusivity data shown in Fig. 3.15 were measured for 
unstrained material whereas the material at the crack tip is highly strained. 
Dislocations are created ahead of the crack tip which may act as trap sites 
lowering the effective diffusivity. However, the dependence of diffusivity on 
dislocation density is relatively weak and the values of the effective diffusivity 
in Fig. 3.15 can be considered to be reasonable approximations. 
The distance grown by the crack during the transient period following a change 
of frequency showed a reasonable correlation with the plastic zone size. Scott 
considered that the transient period was associated with crack growth through 
the plastic zone. However, transients in the crack growth rate were not observed 
at the higher value of AK, 14 MPam^. Scott attributed this to the higher crack 
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growth rate at this value of AK, suggesting that the time taken for the crack to 
grow through the previous plastic zone was shorter and the transient period 
could not be resolved. This explanation seems unlikely since the difference in 
crack growth rates at the two values of AK was less than a factor of 2 at the 
lower frequencies. 
Scott" attributed the incubation period at the start of the test to accumulation of 
hydrogen in the plastic zone. It seems more likely that the incubation period was 
associated with hydrogen uptake at the external surface of the specimen since 
the duration of the transient period was 16 days. The time to charge a specimen 
of 37.5 mm thickness to steady state can be estimated as 87 days, based on an 
effective diffusivity of 7.0 x 10 " m^s'\ However, the time to achieve a 
concentration of hydrogen of 0.5 Co at the mid-point of the specimen is only. 
22 days which is of the same order as the incubation period. 
4.1.3 Waveform 
Ouchi et al^ ^ investigated the effect of waveform on the plateau crack growth 
rates of HT660 steel in aerated synthetic seawater at the free corrosion potential 
at a stress ratio of 0.25. Three loading waveforms were compared. Fig. 4.7. 
Waveform A was a symmetric triangular wave with the loading rate equal to the 
unloading rate. Waveform B was a triangular wave with the loading rate greater 
than the unloading rate. Waveform C was a triangular wave with the loading 
rate lower than the unloading rate. At a given frequency, the crack growth rates 
were highest for waveform C and lowest for waveform B. Waveforms A and B 
were compared also at different frequencies but with the same rise time. Fig. 4.7, 
and in this case the two waveforms produced similar crack growth rates. In 
addition, Ouchi investigated the effect of introducing periods at constant load 
into a symmetric triangular wave. The crack growth rates were not influenced 
by increasing the holding time at the maximum or minimum load. 
Ouchi®® conducted tests also for HT660 steel in aerated synthetic seawater at 
-1200 mV(SCE). The basic waveform was triangular and the effect of introducing 
102 
hold times at the maximum load was investigated. The crack growth rates 
increased as the holding time at the maximum load increased. 
Scott et a P conducted corrosion fatigue tests on BS4360 SOD steel in seawater 
at the free corrosion potential and under cathodic protection using sinusoidal, 
triangular and sawtooth waveforms. The loading rate was the same for the three 
waveforms. For the triangular and sinusoidal waves the load is increasing 
during half the loading cycle whereas for the sawtooth wave the load is 
increasing during the entire cycle. Therefore, to achieve the same loading rates 
the frequency of the sawtooth wave was twice that of the sinusoidal and 
triangular waves. Similar crack growth rates were obtained for the sinusoidal, 
triangular and positive sawtooth waves at the free corrosion potential. At 
-850 mV (Ag/AgCl), the positive sawtooth wave produced slightly lower crack, 
growth rates than the sinusoidal and triangular waves. This may be de to the 
higher frequency of the sawtooth wave. The negative sawtooth involved 
increasing the load rapidly and then decreasing the load during the cycle. This 
waveform resulted in the lowest crack growth rates at -850 mV (Ag/AgCl). The 
authors do not report which solution was used in the reference electrode but it 
was probably seawater. The potential of a Ag/AgCl reference electrode with 
seawater is about +10 mV(SCE). Therefore, potentials quoted vs Ag/AgCl can 
be considered to be equivalent to potentials quoted vs a saturated calomel 
electrode. 
Vosikovsky^^ investigated the effect of waveform on the corrosion fatigue 
behaviour of X-65 pipeline steel at a potential of -1040 mV(SCE) in 
3.5 wt% NaCl. The plateau crack growth rates were three times lower for a 
square wave than for a triangular wave of the same frequency but still 
significantly greater than in air. 
Hinton and Proctor^^ investigated the effect of waveform on the corrosion fatigue 
crack growth rates of X-65 steel in 3.5% NaCl at -1000 mV(SCE). The corrosion 
fatigue crack growth rates were similar for triangular and sinusoidal waves at 
low values of AK and in the plateau region. 
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Ouchi^ ® reported that the hold time influences the crack growth rates of HT660 
steel at -1200 mV(SCE) but not at the free corrosion potential. This effect may be 
due to hydrogen uptake at the external surface of the specimen. At 
-1200 mV (SCE), the cathodic current density may be greater on the external 
surface than at the crack tip. Increasing the holding time will increase the time 
available for hydrogen atoms absorbed at the external surface to diffuse through 
the thickness of the specimen. An alternative explanation based on stress 
corrosion cracking during the hold time is possible but the authors demonstrated 
that the alloy is not susceptible to stress corrosion cracking under these 
conditions. At the free corrosion potential, the cathodic current density may be 
lower on the external surface than at the crack tip and consequently there is no 
effect of hold time. 
Miller et aP^ measured fatigue crack growth rates of AISI 4340 steel in deaerated, 
distilled water under triangular and square loading waves. The waveform had 
no significant effect at a stress ratio of 0.8 but at a stress ratio of 0.1 the crack 
growth rates for a square loading wave were three times greater than for a 
triangular loading wave. These results may be explained by stress corrosion 
cracking. For a stress ratio of 0.8, there was no effect of waveform suggesting 
that Kjnin was greater than Kjscc/ the threshold stress intensity factor for stress 
corrosion cracking. Fig. 4.8, and that the crack velocity was independent of K 
between and At a stress ratio of 0.1, was between and 
The time for which K was higher than Kjscc during a loading cycle was greater 
for the square wave than for the triangular wave and the crack growth rates 
were correspondingly higher. 
The influence of the loading wave on crack growth rates depends on whether 
the material is susceptible to stress corrosion cracking. For materials which do 
not suffer stress corrosion cracking under constant load, the key parameter 
determining the crack growth rate is the loading rate during the cycle, with 
lower loading rates producing higher crack growth rates. In addition, the hold 
time during a loading cycle may influence crack growth rates in environments 
for which hydrogen uptake at the external surface is significant. For materials 
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which are susceptible to stress corrosion cracking, the effect of the waveform 
depends on the relative values of Kjscc/ Knax and K ^ . 
The influence of the loading wave on corrosion fatigue crack growth rates has 
been explained in terms of the effect on the current density at the crack tip. 
Barsom^^ proposed that the production of hydrogen atoms occurs only during 
the rising load part of the cycle. Therefore, a gradually rising load allows 
increased chemical reactions compared to a rapidly rising load. TumbuU and 
Saenz de Santa Maria^ modelled the effect of waveform on the current density 
at the crack tip. They predicted that the time averaged current density would be 
greater for a square loading wave than a gradually rising load, such as a 
sinusoidal wave. Therefore, the plateau crack growth rate would be predicted 
to be greater for a square wave than a sinusoidal wave if the rate controlling, 
step was the production of hydrogen at the crack tip. This is in contrast to the 
observed behaviour. 
An alternative explanation for the effect of the loading wave is the impact on the 
transport of hydrogen atoms ahead of the crack tip. A square loading wave 
results in rapid dislocation movement and hydrogen is not transported by the 
dislocations. However, a gradually rising load enables the dislocations to 
transport hydrogen into the crack tip plastic zone. At present there is no model 
that quantifies the effect of loading wave on hydrogen transport. 
4.1.4 Stress ratio 
Vosikovsky^ '^^ ® investigated the effect of the stress ratio (Pmin/Pmax) on the 
corrosion fatigue behaviour of X70 and HY130 steels cathodically polarised in 
3.5 wt% NaCl, Fig. 4.9. Increasing the stress ratio increased the crack growth 
rates for AK values below 20 MPam^, with the most significant effect at low 
values of AK where increasing the stress ratio lowered AK^ h- It was observed that 
the crack growth rates at different stress ratios could be correlated using the 
expression (AK + cR) where R is the stress ratio and c is a constant. The value 
of c was 3 for HY 130 steel. 
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The effect of the stress ratio on AIQ, was confirmed by Austen and Walker^ .^ 
Increasing the stress ratio lowered AIQ, of BS4360 SOD steel in seawater at the 
free corrosion potential and at -8S0 mV(Ag/AgCl), Fig. 4.10. 
Scott et a P examined the influence of stress ratio on the corrosion fatigue 
behaviour of BS4360 SOD steel in artificial seawater at the free corrosion potential 
and under cathodic protection. Increasing the stress ratio increased the crack 
growth rates in the Paris and plateau regions. 
In general, increasing the stress ratio increases the crack growth rate and lowers 
AKth- The stress ratio affects the degree of crack closure that occurs during a 
loading cycle. At low values of AK, the irregularity of the microscopic fracture 
facets within the grains wedge the crack open preventing full unloading. Thus,. 
the effective stress intensity factor range, AKgg, is reduced and can be written as 
= (70 
where K^ p is the value of K at which crack opening takes place. Increasing the 
stress ratio, increases the minimum value of K and thus diminishes the effect of 
crack closure. Therefore, as the stress ratio is increased AK^ is lowered. 
In seawater the situation is more complicated because of the formation of 
calcareous deposits. At cathodic potentials, the reduction of water on the surface 
of the metal increases the pH of the solution immediately adjacent to the surface. 
This results in the formation of deposits by the following reactions:-
OH- + HCO; ^ HgO + CO3- (71) 
c o r + Ca^' -4 C a C 0 3 „ , <72) 
cot * Mg^- -» MgC03,„„, (73) 
2 0 H - + Mg2--4 Mg(OH)„„^, (74) 
The precipitates wedge the crack open preventing full unloading and giving rise 
to crack closure over a large range of values of AK. Therefore, the influence of 
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stress ratio on crack propagation is more pronounced in seawater than in NaCl. 
There is some debate about whether the influence of stress ratio can be 
explained entirely by crack closure effects. Vosikovsky^ measured the amount 
of crack closure using a compliance method and reported that crack closure does 
not occur for a stress ratio above 0.4 for X70 steel. However, the stress ratio 
influenced the corrosion fatigue crack growth rates of X70 steel at stress ratios 
above 0.4 suggesting that crack closure alone caimot explain the result. The 
effect of the stress ratio on crack growth rates was similar in air and in NaCl 
solution indicating that the effect was not due to an electrochemical process. 
Maahn and Noppenau^° investigated the effect of stress ratio on the electrode 
potential near the crack tip. They concluded that the electrode potential became. 
more cathodic as the stress ratio was increased. Similar results were reported by 
Tumbull et aP for BS4360 SOD in 3.5% NaCl and in seawater at -1000 mV(SCE). 
Tumbull and Saenz de Santa Maria^ modelled the kinetics of the reactions at the 
crack tip and predicted that as the stress ratio increased from 0.1 to 0.5 the time 
averaged crack tip current density increased. However, a stress ratio of 0.8 
produces a lower current density than a stress ratio of 0.1. As the stress ratio is 
increased, the potential at the crack tip becomes more cathodic increasing the 
current density, but the deformation rate decreases and this tends to diminish 
the cathodic current density. The stress ratio does not alter the crack tip current 
density by more than a factor of 2 so although this effect may contribute to the 
influence of stress ratio the main cause is probably crack closure. 
Ouchi et al^ ^ investigated the influence of stress ratio on the corrosion fatigue 
behaviour of HT660 steel in artificial seawater at -1200 mV(SCE). The values of 
K were corrected to compensate for crack closure effects using the expression. 
/lie,* == OSmax + 0.5 ( ] ( . , - K.dn) (f?)) 
The second term was introduced to account for the observation that a small 
amount of crack closure occurred below K^ p so the expression for AK^ ff was 
modified to account for this. The stress ratio did not affect the crack growth 
rates providing further evidence that the effects of stress ratio are predominantly 
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due to crack closure. 
For material - environment systems which are susceptible to stress corrosion 
cracking, the stress ratio is very important because it determines the fraction of 
the loading cycle during which stress corrosion cracking occurs. 
4.1.5 Electrode potential 
Many offshore structures are cathodically protected so it is important to 
investigate the effect of electrode potential on corrosion fatigue behaviour. The 
recommended potential for cathodic protection in seawater is -780 mV(SCE)^^ but 
in practice the parts of the structure near the sacrificial anodes are typically 
between -900 and -1000 mV(SCE)^ .^ There is a considerable amount of data in the 
literature which shows that the crack growth rates increase as the potential 
becomes more cathodic. 
4.1.5.1 NaCI solution 
Vosikovsky^^ investigated the effect of electrode potential on the cyclic crack 
growth rates of HY130 steel in 3.5% wt NaCl. At low values of AK, the Paris law 
exponent was greater at a potential of -1030 mV(SCE) than at the free corrosion 
potential of -670 mV(SCE) which resulted in higher crack growth rates at the 
cathodic potential. In the plateau region, the crack growth rates were three times 
greater at a potential of -1030 mV(SCE) than at the free corrosion potential of 
-670 mV(SCE). 
Gallagher^ investigated the effect of the electrode potential on the plateau crack 
growth rates of HY80 steel in 3.5% NaCl solution. He reported that the effect of 
the electrode potential depended on the frequency. At 0.1 Hz, the crack growth 
rates increased as the potential became more cathodic from the free corrosion 
potential to -735 mV (Ag/AgCl). The crack growth rates decreased as the 
potential changed from -735 mV (Ag/AgCl) to -1040 mV (Ag/AgCl). The 
highest crack growth rates were measured at -1370 mV(Ag/AgCl). At a 
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frequency of 0.001 Hz, the crack growth rates increased as the potential 
decreased from the free corrosion potential to -735 mV (Ag/AgCl) to 
-1040 mV (Ag/AgCl) to -1370 mV (Ag/AgCl). 
Jones^^ measured the plateau crack growth rates of QIN steel in 3.5 wt% NaCl 
at a range of potentials. The cyclic crack growth rates at -600, -1000 and 
-1100 mV(SCE) were increased compared to the free corrosion potential, about 
-680 mV. The cyclic crack growth rates at potentials of -700, -800 and 
-900 mV(SCE) were similar to those at the free corrosion potential. 
Gangloff investigated the effect of the electrode potential on the crack growth 
rates of API-2H steel in 3% NaCP^. As the potential decreased from the free 
corrosion potential to -800 mV(SCE) the cyclic crack growth rates increased. The 
crack growth rate decreased as the potential was decreased to -900 mV(SCE) but 
then increased as the potential was decreased to -1200 mV(SCE), Fig. 4.11. 
Cowling and Appleton^^ investigated the effect of electrode potential on the 
plateau crack growth rates of BS4360 SOD steel in 3%NaCl at a frequency of 
1 Hz. As the potential decreased from the free corrosion potential to 
-800 mV (SCE) the crack growth rate decreased. The crack growth rate increased 
as the electrode potential decreased to -900 mV(SCE) and to -1000 mV(SCE). 
The effect of the electrode potential on fatigue crack growth rates in NaCl 
solution can be explained by the kinetics of the cathodic reactions. Hydrogen can 
be produced by the reduction of water and hydrogen ions. As the potential 
becomes more negative, the reduction of water increases but the reduction of 
hydrogen ions is diminished because of the increase in pH. Therefore, as the 
potential becomes more cathodic the production of hydrogen atoms decreases 
and then increases as the potential becomes more negative. The crack growth 
rates show a similar trend. 
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4.1.5.2 Seawater 
The effect of the electrode potential on the corrosion fatigue behaviour of 
structural steels in seawater is more complicated. Jones^ ^ reported that the effect 
of the electrode potential depended on the stress ratio. At a stress ratio of 0.5, 
polarisation at -600 mV(SCE), -900 mV(SCE), -1000 mV(SCE) and -1100 mV(SCE) 
increased the plateau crack growth rates of QIN steel. However, at a stress ratio 
of 0, the crack propagation rates were increased at -600 mV(SCE) and 
-1100 mV (SCE) relative to the free corrosion potential but at -800 mV(SCE), 
-900 mV(SCE) and -1000 mV(SCE) the plateau crack growth rates were lower 
than those at the free corrosion potential. At -900 and -1000 mV(SCE), the crack 
growth rates decreased as AK increased. 
Thorpe et aF® reported that at -850 mV(Ag/AgCl) the crack growth rates of 
BS4360 50D were lower than those at the free corrosion potential for negative 
and low positive stress ratios. However, at an applied potential of 
-1100 mV (Ag/AgCl) the crack growth rates were increased compared to the free 
corrosion potential and a plateau region was observed. 
In seawater, two processes compete as the potential becomes more cathodic. The 
rate of generation of hydrogen atoms at the crack tip increases and this tends to 
enhance the crack growth rates. However, calcareous deposits build up inside 
the crack resulting in crack closure. As the potential is decreased, the amount of 
precipitation is increased and this tends to lower the crack growth rates. The 
effect of electrode potential on crack growth rates in seawater depends on the 
relative importance of these two competing effects and this may be a function 
of other parameters such as stress ratio. Increasing the stress ratio diminishes 
crack closure effects due to calcareous deposits and consequently cathodic 
protection has a greater effect on crack growth rates at high stress ratios. Jones 
reported the unusual phenomenon of crack growth rates decreasing as AK 
increased. This is due to calcareous deposit building up during the test which 
resulted in greater crack closure at higher values of AK. 
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Murakami and Ferguson^ measured the plateau crack growth rates of 
DIN 17100 steel in natural seawater and in 3% NaCl solution at -800 mV (SCE) 
and at -1100 mV(SCE). When the values of AK were corrected to compensate for 
crack closure, the corrosion fatigue behaviour in seawater was similar to that in 
NaCl solution, with the crack growth rates increasing as tiie potential became 
more cathodic. This confirms tiiat the reduction in crack growth rates at low 
levels of cathodic protection reported by Thorpe^^ and by Jones''^  were due to 
crack closure effects. Therefore, the effect of cathodic protection on the corrosion 
fatigue crack growth rates of steels in seawater is determined by the relative 
importance of hydrogen embrittlement and crack closure. 
The effect of potential is most significant in the plateau region. However, 
Matsuoka et a P reported that cathodic protection increased for a high, 
strength steel in 3% NaCl. This was attributed to the formation of a ferrous 
hydroxide film at the crack tip resulting in increased crack closure. This 
explanation seems unlikely as the amount of ferrous hydroxide produced under 
cathodic protection would not be sufficient to contribute to crack closure effects. 
Matsuoka et al decreased AK by holding constant and increasing P ^ . 
Therefore, the stress ratio increased during the test so the differences in 
may be due to different stress ratio values. Austen and Walker®^ reported that 
cathodic protection increased AK^ ^ of BS4360 SOD in seawater because of the 
enhanced crack closure due to calcareous deposits. 
4.1.6 Aeration 
Scott and Silvester^^ investigated the effect of aeration on the corrosion fatigue 
behaviour of BS4360 SOD steel in seawater and reported that the oxygen content 
of the solution did not affect the fatigue crack growth rates under cathodic 
protection. However, at the free corrosion potential, decreasing the oxygen 
content of the seawater decreased the crack growth rates with the most 
significant effect in the plateau region. The solution within the crack is deaerated 
so the degree of aeration does not affect the reactions at the crack tip. However 
under free corrosion decreasing the oxygen content lowers the electrode 
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potential so the effect of aeration is due to the change in potential. 
4.1.7 Temperature 
The influence of temperature on the corrosion fatigue crack growth rates of X-65 
steel in synthetic seawater has been investigated by Vosikovsky^^. At the free 
corrosion potential, increasing the temperature from 0 °C to 25 °C increased the 
crack growth rates in the plateau region by a factor of 2. At an applied potential 
of -1040 mV (SCE), increasing the temperature from 0 °C to 25 °C increased the 
crack growth rate in the plateau region by a factor of 4 but there was no effect 
at lower values of AK. 
Similar results were reported by Saito^ ® for a Ni-Cr-Mo low alloy steel in. 
3.5% NaCl at -1050 mV (Ag/AgCl), Fig. 4.12. The plateau crack growth rates 
increased as the temperature increased from 5 to 60 °C. However, there was no 
effect of temperature at values of AK below 13 MPam^. 
Scott and Silvester^^ investigated the effect of temperature on the crack growth 
rates of BS4360 50D steel in seawater at the free corrosion potential, at 
-800 mV (Ag/AgCl) and at -1000 mV (Ag/AgCl). There was no effect of 
temperature on crack growth rates when AK was less than 20 MPam^. At higher 
values of AK, increasing the temperature from 5 °C to 20 °C increased the 
plateau crack growth rates at all three potentials. 
Raising the temperature increases the kinetics of the water reduction reaction at 
the crack tip and increases the rate of diffusion of hydrogen in the material. 
Consequently, the crack growth rates are increased but this effect is only 
observed in the plateau region. Saito calculated the activation energy of the 
plateau crack growth rates. He commented that it was similar to the activation 
energy for diffusion of hydrogen through the material. The method of 
calculating the activation energy for diffusion was not specified but presumably 
it was based on measurements of the diffusion coefficient. The flux of hydrogen 
atoms is a function of the diffusion coefficient and of the concentration gradient 
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but the approach used by Saito ignores the effect of temperature on the 
concentration of absorbed hydrogen atoms at the surface. The temperature also 
affects the distribution of hydrogen atoms between trap sites and lattice sites 
and this influences crack growth rates. 
Marrow et a P investigated the effect of temperature on the fatigue crack 
propagation of a low alloy structural steel in a gaseous hydrogen environment. 
The fatigue crack growth rates decreased by a factor of 3 as the temperature 
increased from 25 °C to 80 °C. Marrow proposed that hydrogen atoms must be 
localised at trap sites, such as grain boundaries and precipitates, to cause 
embrittlement. As the temperature is increased, the hydrogen atoms have more 
thermal energy and are able to jump out of trap sites. Therefore, the number of 
hydrogen atoms at microstructural trap sites decreases and consequently the. 
crack growth rates decrease. 
4.1.8 Yield strength 
Krishnamurthy et al®° investigated the effect of yield strength on the corrosion 
fatigue behaviour of A537 steel at a potential of -1000 mV(SCE). Near threshold 
the crack growth rates were independent of yield strength but in the Paris region 
increasing the yield strength increased the crack growth rates by raising the 
Paris law exponent. In the plateau regime, the higher strength materials 
produced higher crack growth rates. 
Imhof and Barsom®^ conducted corrosion fatigue tests on AISI 4340 steel heat 
treated to yield strengths of 900 and 1240 MPa, Fig. 4.13. The K b c c values of the 
materials were 122 and 29 MPam^ respectively. The crack growth rates in 
aerated 3% NaCl solution at the free corrosion potential were three times greater 
for the higher strength material but measurements were only made at AK values 
greater than 10 MPam^. These results were supported by Lynch and Vahldiek®^ 
who measured the corrosion fatigue crack growth rates of AISI 4340 steel with 
a range of yield strengths from 1273 to 1514 MPa. The plateau crack growth 
rates in NaCl solution at the free corrosion potential increased as the strength 
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of the material increased. 
Gangloff^ has collated crack growth data from different laboratories for low 
alloy steels in 3.5% NaCl at -1000 mV(SCE), Fig. 4.14. Although the materials 
had a range of yield strengths the variation in the crack growth rates was only 
a factor of 2 in the Paris and plateau regions. Gangloff attributed this 
distribution in crack growth rates to differences in measurements made at 
different laboratories. However, the diffusion coefficients of hydrogen differ 
between the materials so the hydrogen uptake within the timescale of the test 
will be different, if bulk charging is the dominant source of hydrogen atoms. 
This effect may disguise the influence of yield strength reported by other 
authors. 
It is not possible to make a general statement about the effect of yield strength 
on fatigue crack growth rates. The results of Krishnamurthy, Lynch and Barsom 
suggest that increasing the yield strength increases the susceptibility to hydrogen 
embrittlement. The effects may be due to stress corrosion cracking since 
increasing the yield strength decreases and increases the crack velocities 
under static load. However, Barsom reported an effect of yield strength below 
Kjscc of the higher strength material indicating that stress corrosion cracking is 
not the only factor. 
The yield strength of the material affects the value of at low stress ratios 
because of crack closure effects. Hinton and Proctor^® have investigated the 
fractography of corrosion fatigue of X65 steel in 3.5% NaCl at -1000 mV(SCE). 
In the Paris region, the fracture surface was dominated by intergranular facets 
but the amount of intergranular cracking decreased as AK increased. In the 
plateau regime, transgranular cracking was predominant. The intergranular 
facets can result in crack closure but increasing the yield strength decreases the 
amount of crack closure. Therefore, is lower for materials with a higher 
yield strength. At high stress ratios, crack closure effects are minimal so the 
yield strength of the material does not effect AKn,, as observed by 
Krishnamurthy et al®°. 
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4.1.9 Microstructure 
Jones''^ investigated the effect of microstructure on fatigue crack growth rates in 
recirculating natural seawater at the free corrosion potential. X-65 and 
normalised ENS steel which had ferrite/pearlite microstructures produced 
higher plateau crack growth rates than HY 130, QIN and tempered ENS steels 
which had martensitic structures. Fig. 4. IS. However, the materials had different 
yield strengths so it is not possible to separate the effects of yield strength and 
microstructure. 
Krishnamurthy et al®° reported that the effect of the microstructure of API-2H 
steel on the corrosion fatigue behaviour in 3% NaCl at a potential of 
-1000 mV(SCE) depended on the value of AK. The microstructures investigated . 
were tempered martensite with two prior austenite grain sizes, upper and lower 
bainite and dual phase ferrite - martensite, with a constant yield strength. At 
values of AK below 10 MPam^, the crack growth rates were similar for all the 
materials but in the Paris region there was an effect of microstructure on crack 
propagation. The dual phase ferrite-martensite and the large grain tempered 
martensite materials produced lower crack growth rates than the bainite and the 
small grained martensite. In the plateau region, the microstructures showed 
similar crack growth rates. Fig. 4.16, but the refined microstructures were 
slightly less sensitive to the environment. 
4.2 ENDURANCE TESTS 
The fracture mechanics approach described above can be used to predict the 
lifetimes of structures with existing defects. However, the more usual 
engineering approach for welded structures is to calculate the number of cycles 
to failure at a given stress level using a curve of the stress amplitude vs the 
number of cycles to failure. This curve, commonly called an S-N curve, is 
determined experimentally and the lifetimes incorporate the time associated with 
crack initiation and propagation. Crack initiation describes the nucleation of the 
initial crack or defect and its growth to a specified length. Crack nucleation is 
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considered to occur relatively quickly but a significant fraction of the lifetime 
may be concerned with the growth of a short crack^. The effect of cathodic 
protection on the fatigue endurance of low alloy steels under constant amplitude 
loading is summarised below. 
Jones and Blackie^ conducted corrosion fatigue tests on three quenched and 
tempered steels, 1.5wt% Ni-Cr-Mo, 3wt% Cr-Mo and 3.5wt% Ni-Cr-Mo-V, in 
artificial seawater. At the free corrosion potential the fatigue lives of all the 
materials were shortened compared to air but cathodic protection largely 
restored the fatigue resistance of the 1.5wt% Ni-Cr-Mo and 3wt% Cr-Mo steels. 
The fatigue endurance of 3.5wt% Ni-Cr-Mo-V steel was restored at 
-850 mV (Ag/AgCl) but an applied potential of -1050 mV (Ag/AgCl) was 
detrimental to the fatigue resistance, Fig. 4.17. Notched specimens behaved, 
similarly to smooth specimens at stress levels above 800 MPa, the yield strength 
of the materials, but at lower stress levels the smooth specimens were more 
resistant to fatigue than the notched specimens. 
Rajpathak and Hartt^ measured S-N curves for HY 80 steel in seawater at the 
free corrosion potential and under cathodic protection. A compact tension 
specimen with a blunt notch was used and the number of cycles to initiate a 
crack of length 1 mm was measured. At the free corrosion potential, the fatigue 
lifetimes were shorter than those in air and there was no endurance limit. 
However, cathodic protection increased the fatigue lifetimes and the fatigue limit 
was restored, although it was lower than in air. 
Lee and Uhlig®^ also reported a beneficial effect of cathodic protection on the 
lifetimes of smooth polished specimens of 1020 and 4140 steels in 3% NaCl, 
Fig. 4.18. High frequency rota ting-bending tests were conducted at stress levels 
above and below the endurance limit in air. At mildly cathodic potentials the 
lifetimes were similar to those in air at the higher stress level and the endurance 
limit was restored at the lower stress level. However, as the potential became 
more anodic the fatigue resistance was diminished at both stress levels. 
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Cottis and Markfield®^ investigated the effect of potential on the fatigue life of 
QIN steel in 3.5% NaCl using high frequency reverse bend loading tests with 
smooth specimens. The environment diminished the fatigue lives compared to 
air and there was no evidence of a fatigue limit. However, the addition of 
sodium thiosulphate to the solution improved the fatigue resistance and the 
endurance limit was restored. As the potential became more cathodic, the fatigue 
lifetime in 3.5% NaCl increased and below -900 mV (SCE) the endurance was 
similar to that in air. 
Cathodic protection can have a beneficial effect on the fatigue resistance of 
smooth specimens although it has a detrimental effect on pre-cracked specimens. 
Crack initiation is retarded under cathodic protection whereas crack propagation 
is enhanced. Localised attack resulting from anodic corrosion processes is. 
necessary for crack initiation in the absence of a pre-existing defect and this is 
suppressed by cathodic protection. The beneficial effect of sodium thiosulphate 
on fatigue resistance is considered to be due to the fact that it spreads the 
corrosion over a larger surface area and thus reduces the rate of localised attack. 
From the results above, it can be concluded that cathodic protection can either 
be beneficial or detrimental to a component depending on whether the lifetime 
is dominated by crack initiation or propagation. 
4.3 RANDOM AMPLITUDE LOADING 
The data summarised above were obtained under constant amplitude loading. 
However, the stresses experienced in practice at the nodes of an offshore 
installation are more complicated with the loading pattern being influenced by 
waves, winds, currents and the resonance of the structure. The aim of random 
amplitude loading is to test materials under loading conditions representative 
of those experienced in the North Sea. 
The loading histories of offshore structures have been calculated using 
measurements of wave heights. The loading conditions at the surface 
approximated to a Rayleigh distribution of stress levels and the loading history 
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of a deeply immersed structure approximated to a Laplace distribution. The 
distribution of stress at an intermediate depth was between these two extremes. 
The loading history calculated for a tubular of 3.66 m (12 feet) diameter at a 
depth of 6.10 m (20 feet) is known as C/12/20. It is often used for testing 
because it is representative of the loading conditions experienced at intermediate 
depths. 
Holmes®^ has investigated the effect of the loading spectrum on the corrosion 
fatigue behaviour of cruciform welded joints manufactured using BS4360 SOD. 
The environment was aerated artificial seawater and the specimens were 
cathodically protected at -850 mV(Ag/AgCl). Tests were conducted under 
narrow band random loading spectra which represent the loading experienced 
due to waves but do not account for the resonance of the structure in response. 
to this loading. At the free corrosion potential, the C/12 /20 spectrum reduced 
the lifetimes compared to constant amplitude loading with the Laplace 
distribution producing the shortest lifetimes. Fig. 4.19. The Rayleigh distribution 
produced similar lifetimes to the C/12 /20 spectrum at high stress levels but 
longer lifetimes at low stress levels. Stress range cannot be used to characterise 
variable amplitude random loading conditions so the root mean square stress is 
used. However, it has been demonstrated that the stress range is better described 
in terms of the k^ root mean where k is the Paris law exponent®®. Holmes 
conducted tests also under cathodic protection using the C/12 /20 spectrum. The 
lifetimes were similar to those at the free corrosion potential for a positive mean 
stress but this only occurred at high stresses for a mean stress of zero. At lower 
stress levels the lifetimes increased and were greater than those obtained in air. 
The mean stress, S„, was defined as. 
+ 3a = Sy (76) 
where a = long term r.m.s stress 
Sy = yield stress. 
At low stress levels the calcareous deposits within the crack result in crack 
closure and decrease the effective stress range. 
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In contrast Booth®^ reported that the stress history did not affect the endurance 
of welded steel joints of BS4360 SOD steel in seawater at the free corrosion 
potential. This was confirmed by Austen and Walker^ ® who reported that the 
stress history did not affect the crack growth rates of BS4360 SOD in seawater at 
the free corrosion potential and under cathodic protection. 
Dover and Austen^" have tested the endurance of tubular T-joints made of 
BS3460 SOD steel under constant amplitude loading, single sea-state broad band 
random loading and the Wave Action Standardised Load History (WASH). 
Broad band random loading simulates the loading due to waves including the 
resonance response of the structure and the single sea-state represents stormy 
conditions. WASH incorporates the significant features of wave loading on 
North Sea structures during a year into a load sequence suitable for laboratory, 
testing. It consists of eight sea-states ranging from calm to stormy. The tests 
were conducted in artificial seawater and the specimens were cathodically 
protected. The tests under constant amplitude and single sea-state loading 
produced similar results with the fatigue life reduced by a factor of 2 compared 
to air at high stress levels but approaching the endurance in air at lower stress 
levels. However, under multi sea-state loading conditions the lifetimes were 
reduced compared to those in air at all stress levels. The improved fatigue 
resistance under the simpler types of loading was attributed to the mean stress 
level. The only constant amplitude result which showed an improved fatigue life 
compared to air had a mean stress of 77 MPa whereas the mean stress for multi 
sea-state variable amplitude loading had to be greater than 350 MPa to maintain 
tension only loading. At low stress levels the crack closure caused by calcareous 
deposits within the crack will reduce the effective stress range and result in 
enhanced resistance to fatigue. These results were confirmed by Booth®' who 
reported that increasing the mean stress reduced the endurance of BS4360 SOD 
steel in seawater at the free corrosion potential. 
4.4 BULK CHARGING 
Tumbull et aP'^  have conducted an extensive amount of work to predict the 
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kinetics of generation of hydrogen atoms at the crack tip for low alloy structural 
steels cathodically protected in marine environments. The most important 
conclusion from this work is that the current density is greater on the external 
surface of the specimen than at the crack tip for potentials more negative than 
-900 mV(SCE), Fig. 4.20. The square root of the current density was plotted 
because this is considered to be proportional to the subsurface concentration of 
hydrogen. At potentials more cathodic than -900 mV(SCE) the dominant source 
of hydrogen atoms is predicted to be the external surface of the specimen. 
Although the production of bare metal at the crack tip increases the cathodic 
current density, the effect of the alkaline pH and potential drop within the crack 
is to decrease the rate of generation of hydrogen atoms relative to the bulk. The 
main implication of this result is that under conditions for which bulk charging 
of hydrogen atoms is dominant, the test times must be long enough to allow . 
hydrogen atoms to diffuse through the thickness of the specimen and develop 
a steady state concentration. As laboratory test times are usually considerably 
shorter than this, the crack growth rates measured under cathodic protection 
may be non-conservative. 
TumbulP developed the model to predict the effects of parameters such as 
frequency, wave form and stress ratio on the relative importance of hydrogen 
uptake at the external surface and at the crack tip. As the frequency is 
decreased, the crack tip current density is diminished and bulk charging 
becomes more important. Hydrogen uptake at the crack tip is similar for 
sinusoidal, triangular and sawtooth waveforms but the crack tip current density 
is greater for a square loading wave. Therefore, bulk charging is more significant 
for sinusoidal, triangular and sawtooth loading waves. Increasing the stress at 
the crack tip by increasing the stress ratio or increasing AK increases hydrogen 
uptake at the crack tip because the area of exposed metal is increased. Therefore, 
bulk charging becomes less important as the stress ratio and AK are increased. 
When bulk charging of hydrogen is dominant, the concentration of hydrogen 
atoms will be greater close to the external surfaces than in the centre of the 
specimen, if the test is short in relation to the timescale for hydrogen transport. 
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This will increase the crack growth rates near the side of the specimen and 
produce a convex crack front shape. This phenomenon was reported by Barsom^^ 
for 12Ni-5Cr-3Mo steel in 3% NaCl at a potential of -1200 mV(SCE). 
Koyabashi and Takeshi^^ observed a similar crack front shape for wedge opening 
loaded specimens of a quenched and tempered steel in NACE solution. The 
value of Kiscc was reported to increase as the specimen thickness was increased 
from 5 to 25 mm, although the condition for plane strain was satisfied for all the 
specimens. This suggests that external surface of the specimen was the dominant 
source of hydrogen atoms. However, increasing the duration of the test from 2 
to 3 weeks did not affect the value of Kigcc- The amount of hydrogen that enters 
the material due to bulk charging in a given period of time can be characterised 
by X, where 
(77) 
where Dg^ f is the diffusion coefficient, t is the time and 2L is the specimen 
thickness. Decreasing the thickness of the specimen from 25 to 5 mm, increases 
the value of x by a factor of 25 whereas increasing the test duration from 2 to 
3 weeks only increases x by a factor of 1.5. Therefore, the thickness of the 
specimen had a significant influence on but the duration of the test 
appeared to have no effect. 
Nakasa et aP^ also reported an effect of specimen thickness on the value of 
The crack propagation rates of JIS: SNCM8 steel in deionized water at the free 
corrosion potential were measured under constant load. As the thickness of the 
specimen was increased from 1.5 to 5 mm, the crack velocity increased but 
increasing the thickness to 10 mm decreased the crack velocity. The conditions 
for plane strain were only satisfied for the thickest specimen so as the thickness 
was increased the stress state changed from plane stress to plane strain. 
Therefore, it was not possible to isolate the effect of bulk charging. However, the 
sides of the specimen were painted for some tests and this decreased the crack 
velocity for the thinnest specimen but had no effect for the thickest specimen. 
This confirmed that hydrogen was entering the material at the external surfaces 
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of the specimen. However, the amount of bulk charging occurring within the 
duration of the test was not significant for the thickest specimen. 
Yu and Brook^^ investigated the effect of coatings on the of AISI 410 
stainless steel in NACE solution. Coating the sides of the specimen with silicone 
rubber increased the value of K^cc by a factor of 3 and decreased the crack 
velocity at all values of K, Fig. 4.21. 
Interrante and Low®^ coated the sides of a specimen with a layer of wax of 
thickness 1 to 2 mm. The coating decreased the crack velocity of 2^4Cr-lMo steel 
in NACE solution under static load. Ouchi and Koyabashi®^ reported that coating 
the sides of the specimen with tape decreased the fatigue crack growth rates of 
HT 660 steel in aerated synthetic seawater at a potential of - 1200 mV (SCE),. 
Fig. 4.22. However, measurements were only made in the plateau region. 
Thorpe et a P reported that painting the sides of a specimen increased the 
incubation period of BS4360 SOD steel cathodically protected in seawater. 
However, the coating did not affect the fatigue crack growth rates produced 
subsequently. The authors proposed that the coating affected the distribution of 
potential around the specimen and thus increased the calcareous deposition 
within the crack. However, this does not explain the time dependent nature of 
the phenomenon which indicates a bulk charging effect. 
Saenz de Santa Maria and TumbulF^ investigated the effect of pre-exposure on 
the cracking resistance of AISI 410 stainless steel using slow strain rate tests. The 
times to failure obtained in NACE solution of pH 2.6 showed good correlation 
with hydrogen uptake at the external surface. However, in HgS-saturated 
seawater of pH 5.0 the times to failure were shorter than would be predicted 
from measurements of the hydrogen flux. Under these conditions, a passive film 
was present and hydrogen entered the material at locally active sites such as 
pits. Therefore, bulk charging of hydrogen atoms was dominant at low pH but 
the effect diminished as the pH was increased. 
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The model of the reactions at the crack tip^ predicts that bulk charging is an 
important source of hydrogen atoms at potentials below -900 mV(SCE) and the 
experimental evidence summarised above confirms this. This introduces 
concerns about the reliability of much of the data summarised in section 4.1, 
particularly the results at potentials below -900 mV(SCE). When bulk charging 
is the dominant source of hydrogen atoms, the timescale of a laboratory test is 
usually too short to ensure steady state charging conditions so the crack growth 
rates will depend on the duration of the test. The hydrogen content due to bulk 
charging will increase during the test and wiU therefore be greater in the plateau 
region that at the lower values of AK. Scott et a P reported that the effect of the 
environment on crack growth rates increased with exposure time and this was 
attributed to the initial hydrogen charging of the crack tip plastic zone. 
However, the transient period was of the order of 15 days which suggests that, 
the transient period may be due to bulk charging. 
The results above are consistent with significant hydrogen uptake at the external 
surface of the specimen. This has important implications for corrosion fatigue 
testing and hence there is a need to identify the material-environment systems 
for which hydrogen uptake at the external surface is important. 
4.5 REVIEW OF MODELS OF CORROSION FATIGUE 
The review of the data on the corrosion fatigue behaviour of low alloy steels 
demonstrated that there are many mechanical, environmental and metallurgical 
variables that influence corrosion fatigue crack growth rates. It would be 
prohibitively expensive to conduct an exhaustive set of tests to cover all 
engineering applications so models are required to extend the existing data to 
other environmental and loading conditions. In addition, models have a vital 
role in extrapolating short term data to longer timescales enabling data from 
short term laboratory tests to be used to predict the lifetimes of engineering 
components over 20 years. Most decisions in engineering design are based on 
empirical models and practical experience. However, there are advantages to 
predictive models based on the mechanisms of the processes that cause cracking. 
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These can lead to increased understanding, improved efficiency in testing and 
quantitative life prediction. 
It is generally accepted that corrosion fatigue of cathodically protected low alloy 
steels is due to absorbed hydrogen atoms® .^ Therefore, this review is limited to 
discussing the predictive models of corrosion fatigue based on a mechanism of 
hydrogen embrittlement. 
4.5.1 Superposition models 
The first model of corrosion fatigue was a simple superposition model based on 
the principle that the corrosion fatigue crack growth rate is equal to the sum of 
the contributions from fatigue in an inert environment and stress corrosion, 
cracking^^. 
da da r da K(t)dt (78) 
dNg dN„ J d t ^ 
where is the crack growth rate in the environment, is the crack growth 
(JNe 
ds 
rate in an inert environment and — is the crack growth rate in the 
Ot see 
environment under constant load. 
The crack velocity under constant load depends on the value of AK which varies 
during a fatigue cycle. Consequently, the stress corrosion cracking velocity has 
to be integrated over the cycle. This gives a reasonable prediction of crack 
growth rates for an Al-Zn-Mg-Cu alloy in NaCl solution'®. However, it is clearly 
inadequate in explaining the enhanced fatigue crack growth rates of low alloy 
steels in marine environments at stress levels below Kjgcc-




dNg dN„ dNcF 
dd 
where is the difference between the crack growth rate in the environment 
dNcF 
and in an inert environment. However, crack growth in an environment can 
proceed by either hydrogen embrittlement or by a "pure" fatigue mechanism as 
in an inert environment. There is no basis for assuming that the crack growth 
rate in an environment will depend on the crack growth rate in air when the 
material fractures entirely by a hydrogen embrittlement mechanism. A more 
realistic argument is that crack propagation in an environment is due to two 
parallel processes™ and the crack growth rate can be described by the following 
expression: 
cis 
where is the rate of crack propagation by a hydrogen embrittlement 
mechanism and (j) is the fraction of the fracture surface produced by a 
mechanism of hydrogen embrittlement. The value of ({) can be measured by 
fractography. To develop a predictive model of corrosion fatigue crack 
ds 
propagation, the parameters and (j) must be expressed as functions of the 
environmental, mechanical and microstructural variables. 
The main step in the development of mechanistic models of corrosion fatigue 
has been to identify the process which determines the rate of crack growth. The 
two processes which are considered to be the rate limiting steps are the 
production of hydrogen at the crack tip and the diffusion of hydrogen ahead of 
the crack tip. These two classes of model are discussed separately below. 
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4.5.2 Production based models 
Scott et a P developed a model of corrosion fatigue based on the assumption that 
in the plateau region the crack growth rate is limited by the rate of production 
of hydrogen atoms at the crack tip. 
(81) 
S. • 4 = Bg-S (82) c 
where Bj and are constants and i^  is the cathodic current. The model assumes 
that the cathodic current density is constant with time. In fact, the current varies 
during a loading cycle as bare metal surface is exposed and refilms and 
consequently a time averaged current density should be used. Gangloff^ 
compared the crack growth rate of AP1-2H in NaCl solution at a range of 
potentials with the corresponding predicted time averaged crack tip current 
densities. Fig. 4.23. There is a reasonable correlation but the relationship is not 
linear as predicted by Scott. The crack growth rate is proportional to the 
cathodic current density to the power of 0.1. 
Scott's model predicts that plateau crack growth rates will be inversely 
proportional to the frequency. In practice, plateau crack growth rates are 
proportional to the inverse square root of the frequency^. Scott assumed that the 
current density was independent of the frequency but TumbulP has modelled 
the reactions at the crack tip and demonstrated that the time averaged current 
density increases as the frequency increases. 
Scott extended the model to incorporate the effect of potential by relating the 
current density to the cathodic overpotential using the Tafel equation. 
E = p log ic (83) 
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log oc £ (84) 
* dN f 
where P is the Tafel constant and E is the potential at the crack tip. In practice, 
the relationship between crack growth rates and the electrode potential is not 
that simple with plateau crack growth rates decreasing as the potential decreases 
from -600 to -800 mV and then increasing as the potential becomes more 
cathodic®^. The relationship derived by Scott was based on the Tafel equation 
but this approach is not valid because the chemistry of the solution at the crack 
tip varies with the potential. 
Gangloff"^ has developed a model to predict the growth of short cracks based 
on the assumption that the crack growth rate is proportional to the amount of 
hydrogen produced at the crack tip. Hydrolysis of metal ions produces hydrogen 
ions which can be reduced to hydrogen atoms. Gangloff considers that there are 
two possible cathodic reactions at the crack tip, namely the reduction of 
hydrogen ions and the reduction of oxygen, and these reactions are in 
competition. The model appears to ignore the possibility of water reduction at 
the crack tip. The oxygen is supplied to the crack tip by convective mixing 
resulting in the following expression for crack growth 
^ » A ' ( V J » exp(ota„ / f V J (85) 
where V is the opening of the crack mouth, a is a rate constant for the oxygen 
reduction reaction and a^ , is a constant. This model is only applicable to the 
growth of short cracks, less than 2 mm long. Oxygen is consumed on the walls 
of the crack and for long cracks the supply of oxygen is not sufficient to 
replenish the oxygen being reduced. Therefore, the solution at the crack tip is 
deaerated. 
Thomas and Wei^ "^  have developed an extensive model of corrosion fatigue. The 
basic premise of the model is that the crack increment per cycle is controlled by 
the amount of hydrogen that enters the material during the previous cycle. This 
quantity is determined by the surface concentration of adsorbed hydrogen, C^, 
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which is assumed to be constant. 
During a loading cycle, a bare metal surface is produced which reacts anodically 
with the enviroriment to form a film. The corresponding cathodic reaction is the 
reduction of water to produce hydrogen atoms which occurs on the filmed 
surface. Therefore, the amount of hydrogen produced is proportional to the 
charge transferred, q. 
Ch - q (87) 
Wei's approach is only valid for materials under free corrosion as it assumes 
that the cathodic current density is equal to the anodic current density. The 
assumption that hydrogen reduction only occurs on the filmed surface may not 
be valid as this reaction could take place on the bare metal surface. 
Wei proposed that the current transient during a cycle is represented by 
i(t) = ig exp ( - Kt) (88) 
where i(t) is the current density at time t and ig is the maximum current density. 
K is the rate constant given by 
K = K„ exp(- AE/RT) (89) 
where is a constant, AE^  is the activation energy, R is the universal gas 
constant and T is the temperature. 
The charge passed, q, can be calculated using the expression; 
q = Ji(t) dt (90) 
1/f 
q = Ji(t) dt (91) 
where f is the frequency. 
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The quantity (|) in equation (80) corresponds to the degree of completion of the 
surface reactions in this model. It represents the charge passed per cycle as a 
fraction of the charge passed when the reactions proceed to completion. 
4) = A (92) 
4) = 1-exp(-^) (93) 
where q^  is the saturation charge transfer level. 
da da 
d N , , U N / 
where s is the saturation crack growth rate 
" « - f ' ) s , " 
As the frequency is decreased, the crack growth rate saturates as the 
electrochemical reactions at the crack tip proceed to completion. The crack 
growth rate then becomes independent of the frequency. 
Thomas and Wei^ °^  extended the model to incorporate the effect of the stress 
intensity factor range, AK. The stress intensity factor was considered to influence 
the diffusion of hydrogen, the crack tip chemistry and the reaction rate constant. 
For a given material, (da/dN); is determined by the distribution of hydrogen 
ahead of the crack tip. As the rate controlling process is considered to be the 
electrochemical reactions at the crack tip, the distribution of hydrogen ahead of 
the crack is assumed to be at equilibrium. The basic equations used to calculate 
the distribution of hydrogen ahead of the crack tip are 
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J - -DVC(^ + MCi^ VOq (96) 
- = DV^Ch - MVOqVCH (97) 
a 
where J is the flux of hydrogen atoms, D is the diffusion coefficient, M is a 
coefficient relating the hydrogen flux to the gradient of hydrostatic stress and 
VGO is the hydrostatic stress. The quantity d a / d N ^ is assumed to be proportional 
to d*, the distance ahead of the crack tip for which the concentration of hydrogen 
is greater than a critical hydrogen concentration, 





d" - K L (99) 
This analysis assumes that the metal is linearly elastic and defect free, ignoring 
the effects of trapping which have been shown to be important in hydrogen 
embrittlement^^. Wei assumed that the concentration of absorbed hydrogen at the 
crack tip was constant which suggests that the flux of hydrogen atoms is small 
compared to the rate of production of hydrogen atoms. However, this is not 
consistent with the premise that the production of hydrogen is the rate limiting 
step. 
The effect of the stress intensity factor range on the reaction rate constant, K, 
was evaluated by fitting equation (95) to the experimental data. The reaction rate 
constant, K, decreased as the stress intensity factor increased. Wei explained this 
in terms of the effect of the stress intensity factor on the crack chemistry and the 
kinetics of the reactions at the crack tip. As AK is increased the potential drop 
in the crack decreases because the crack opening is greater. For the system 
investigated by Wei, the potential at the crack tip became more negative as AK 
increased. This would increase the rate of production of hydrogen atoms and 
therefore increase the saturation crack growth rate. Increasing AK will also 
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increase the area of bare surface produced at the crack tip but Wei did not 
incorporate this effect in the model. Wei argued that the change in the electrode 
potential at the crack tip results in a change in the kinetics of the reactions and 
this was justified on the basis of data on the charge passed as a function of time 
at a range of potentials. However, the data does not show a clear effect of 
potential on the reaction kinetics. The data derived by Wei from corrosion 
fatigue crack growth rates shows an increase in the reaction rate constant by a 
factor of 8 as AK is increased from 14 to 31 MPam^. There does not appear to 
be a physical explanation for this effect. 
Combining the effects of AK on the reaction rate constant and the diffusion 
process, Wei predicts that 
( ^ ) . « I C (100) 
This may predict behaviour in the Paris region but it fails to explain the plateau 
region where crack growth rates are independent of AK. 
Thomas and Wei determined the values of the reaction rate constant, K, and 
da/dNg as a function of AK and temperature by fitting equation (95) to the 
corrosion fatigue data. The predictions of the model are compared with 
experimental results in Fig. 4.24. The model can reasonably predict the influence 
of frequency on crack growth rates at values of AK in the Paris and plateau 
regions but there are some deviations at high frequencies. The values of the 
saturation crack growth rate, da/dNj, are independent of the temperature. This 
is in reasonable agreement with Wei's data but is in contrast to the data 
reviewed in section 4.1 which demonstrated that crack growth rates in the 
plateau region increase with temperature. The model developed by Wei and 
Thomas carmot make absolute predictions of crack growth rates as the values of 
the rate constant, K, and the saturation crack growth rate for a given set of 
conditions are derived from experimental data. 
Wei and Thomas compared the effect of frequency on crack growth rates with 
the effect of time on the charge measured in scratching electrode measurements. 
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This shows a good correlation indicating that the rate controlling step may be 
the rate of the reactions at the crack tip. However, the comparison was made at 
a single value of AK of 40 MPa m^ ^^ . 
4.5.3 Diffusion based models 
Austen and Walker^°^ have developed a model of corrosion fatigue based on the 
premise that fracture by the processes of pure mechanical fatigue and hydrogen 
assisted fatigue do not occur simultaneously but are in competition. The crack 
growth rate is determined by the dominant mechanism for a given set of 
conditions, ie <|) = 0 or 1 in equation (80). The mechanism of crack growth can 
be identified by comparing the relative rates of hydrogen diffusion and crack 
growth. When the distance hydrogen diffuses during one loading cycle is less, 
than the distance the crack grows due to purely mechanical fatigue, hydrogen 
does not enhance the crack growth rate. 
when A x < s ^ = 0 ^ (101) 
d N E d N M 
where Ax is the distance hydrogen diffuses during one cycle and s is the 
distance the crack grows per cycle in an inert envirormient. The maximum 
enhancement of crack growth rates is achieved when the hydrogen diffusion 
distance is greater than or equal to the plastic zone size. In this case, the crack 
growth rate is equal to the maximum crack tip opening displacement, 6. 
w h e n AX > r , $ = 1 (102) 
0.5 AK2 (103) 
(1 - R)2(2ay)E 
where Tp is the plastic zone size and E is Youngs modulus. 
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At intermediate values of AK 
(J, = 1 A 
dNp dN 
(Ax-s) ( 5 ^ - s ) 
(rn-s) 
(104) 
When AK is small, the crack growth rates in air are low and the striation 
distance can be assumed to be much smaller than the plastic zone size, the crack 
tip opening displacement and the hydrogen diffusion distance. In this case, 
















Austen and Walker incorporated the effect of corrosion blunting of the crack tip 
by replacing AK by AKgiunt where 
AK, Blunt = AK (p. / p j (109) 
ps is the radius of a sharp fatigue crack and p^  is the enlarged radius due to 
corrosion. This is applicable to corrosion fatigue under free corrosion conditions. 
The radius of the enlarged crack tip radius due to corrosion can be calculated 
by simply equating the corrosion rate and the volume of material removed. 
= itpf + 7.44 X 10-7 ^ (s® + (110) 
where i^  is the anodic current density. 
Austen and Walker's model explains the effects of frequency in terms of the time 
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available for diffusion of hydrogen. At low frequencies, the diffusion distance 
is greater than the plastic zone size so the crack growth rate is limited to the 
crack tip opening displacement and independent of frequency. At intermediate 
frequencies, the crack growth rate is determined by the hydrogen diffusion 
distance and is inversely proportional to the frequency. At high frequencies, the 
hydrogen diffusion distance is less than the striation distance. Therefore, the 
crack growth rates are not enhanced by hydrogen and are independent of 
frequency. This is similar to the trends observed in practice. For API-2H steel 
(Oys = 760 MPa) at a AK value of 23 MPam^^^ the cyclic plastic zone size 
is 9.7 X 10'® m and the crack growth rates become independent of frequency at 
0.1 Hz® .^ Equating the plastic zone size to the hydrogen penetration distance at 
this frequency gives an effective diffusivity of 5.9 x 10'" m^ s'\ There are no 
values of the effective diffusivity quoted in the literature for this particular alloy, 
but it is within the range of values measured for low alloy steels. The striation 
distance is 4.4 x 10'® m and the frequency at which crack growth rates become 
independent of frequency is 4 Hz. Equating the striation and hydrogen 
penetration distance gives a diffusion coefficient of 4.8 x 10^* m^ s'^ . This is 
several orders of magnitude lower than the values reported for low alloy steels. 
It may be more realistic to assume that a critical concentration of hydrogen is 
required to enhance crack growth rates and the crack growth rates in an 
envirormient become equal to those in air when the hydrogen concentration at 
the striation distance is below the critical value. 
The model accounts for the effect of strength level and predicts that plateau 
crack growth rates are proportional to the yield strength. However, the 
relationship is not this simple as the strength level affects the microstructure 
which determines the diffusion coefficient. Therefore, the crack growth rate must 
be considered as a function of both the yield strength and the diffusion 
coefficient. Gangloff^ has shown that alloys with various strengths and 
microstructures produce similar plateau crack growth rates in 3% NaCl at 
-1000 mV (SCE). This may be because the steels have similar values of CyD. As 
an example, BS4360 SOD (Oy = 370 MPa, Dgff = 9.0 x 10'" m s^'^ ) and AISI 4340 
(Cy = 1200 MPa, Dgff = 8.9 x 10'^ ^ m s^"^ ) have different yield strengths but tiie 
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values of Oy D are similar, 3.33 x 10"^  MNs"^ for BS4360 SOD compared with 
1.1 X 10 ® MNs"^ for AISI 4340. The effective diffusion coefficients used are not 
strictly applicable to the crack tip region as the measurements were conducted 
on unstressed materials in the bulk rather than the crack tip environment. 
However, they give an indication of the relative diffusivities in the two 
materials. 
The model was developed initially to predict behaviour in the plateau region but 
it also describes crack growth rates at high values of AK. In this region, the 
distance the crack grows per cycle is greater than the distance hydrogen diffuses 
during that period. For a frequency of 0.1 Hz and an effective diffusion 
coefficient of 9 x 10'" m^s'\ the hydrogen penetration distance is estimated as 
2 X 10"^  m. Therefore, the model predicts that as AK increases the crack growth. 
rates in solution will become similar to those in air when d a / d N equals 
2 X 10^ m/cycle. In practice, for a low alloy steel in NaCl solution this transition 
occurs when the crack growth rate is about 10"^  m/cycle^^. A more reasonable 
assumption may be that a critical concentration of hydrogen is required for 
failure by hydrogen embrittlement. The crack growth rates become similar to 
those in air when the concentration of hydrogen at a distance, s, from the crack 
tip is less than the critical concentration. 
The model could be developed to incorporate the effect of temperature by 
describing the effective diffusivity as a function of the temperature. The main 
weakness in Austen and Walker's model is that it does not take account of the 
concentration of hydrogen in the metal. Therefore, it does not predict the effect 
of the electrode potential on fatigue, crack growth rates. 
4.5.1 DISCUSSION 
The models developed for corrosion fatigue are able to describe the influence of 
specific variables on crack growth rates. The most extensive model based on 
production of hydrogen as the rate limiting step was developed by Wei and 
predicts the effects of frequency for a range of values of AK in the Paris and 
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plateau regions. The model cannot make absolute predictions of crack growth 
rates as several of the parameters in the model have to be derived from 
corrosion fatigue data. Wei's model assumes that the stress intensity factor 
influences the rate of the reaction at the crack tip and there is no evidence for 
this assumption. The model fails to explain the independence of crack growth 
rates on AK in the plateau region. The most serious problem with the model is 
that it is assumes that the concentration of hydrogen atoms at the crack tip is 
constant but this is not consistent with the premise that the rate of production 
of hydrogen atoms is the rate controlling step. 
The diffusion based model developed by Austen predicts the effects of strength 
level, diffusivity and frequency on crack growth rates. However, the model is 
limited to describing behaviour in the plateau region. Austen made absolute, 
predictions of crack growth based on the assumption that the crack growth rate 
is limited to the crack tip opening displacement. However, there is no 
justification for this assumption. The main weakness of the model is that it does 
not incorporate the effect of the hydrogen content in the metal on crack growth 
rates. 
A diffusion based model could be extended to explain in qualitative terms the 
effect of variables on crack growth rates in the Paris region. At these values of 
AK, crack growth rates are influenced by the electrode potential and the yield 
strength but are independent of the temperature and the frequency. The 
electrode potential influences the amount of hydrogen produced at the crack tip. 
The yield strength determines the sensitivity of the material to the hydrogen 
content and indirectly affects the effective diffusivity of hydrogen in the 
material. The temperature influences the diffusivity of hydrogen and the kinetics 
of the reaction at the crack tip and the frequency determines the time available 
for reactions at the crack tip and diffusion of hydrogen. In the Paris region, the 
crack growth per cycle may be significantly less than the distance hydrogen 
diffuses during the same period. Therefore, the hydrogen distribution ahead of 
the crack tip will build up over a number of cycles and as a result the crack 
growth rate does not depend on the time available for diffusion per cycle. In this 
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case, a decrease in crack growth rates should be observed if the frequency was 
increased sufficiently. As the stress intensity increases the crack growth rate 
increases until the increment in crack length per cycle becomes comparable to 
the distance hydrogen diffuses ahead of the crack tip per cycle. At this point the 
crack growth rate becomes independent of AK but dependent on parameters 
such as frequency and temperature which determine the distance hydrogen 
diffuses ahead of the crack tip per cycle. 
The models of corrosion fatigue behaviour have had some success in describing 
the effects of parameters such as frequency on crack growth rates for a specific 
material environment system under specific conditions. However, the models are 
limited to describing the effects of variables and are unable to make absolute 
predictions of corrosion fatigue crack growth rates. There is a need to develop, 
a model of corrosion fatigue which describes behaviour for a wide range of 
conditions. In this respect, the main deficiency of the existing models is that they 
are based on an assumption of the rate controlling process. A more generalised 
model would incorporate all the processes contributing to fracture and the rate 
controlling process for the range of AK values would become apparent from the 
modelling. The processes that would have to be incorporated in such a model 
are: 
(1) Localised environment at the crack tip 
(2) Kinetics of hydrogen production at crack tip 
(3) Diffusion of hydrogen ahead of the crack tip 
(4) Diffusion of hydrogen from the external surfaces of the specimen 
(5) A failure criterion relating the distribution of hydrogen and the stress 
distribution to the crack growth rate. 
Considerable progress has been made in modelling the first four processes. 
TumbulP has developed a model of crack tip chemistry and combined this with 
scraping electrode measurements to predict the kinetics of hydrogen production 
at the crack tip. More recent work^"^ has focused on predicting the distribution 
of hydrogen ahead of the crack tip. This model accounts for bulk charging of 
hydrogen. However, a failure criterion must be developed to predict absolute 
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crack growth rates from the distribution of hydrogen. A failure criterion may 
incorporate a critical combination of strain and hydrogen content with a 
microstructural feature, such as a grain boundary. 
4.6 CONCLUSIONS 
• In the Paris region the crack growth rates are independent of the 
frequency and the temperature. Increasing the stress ratio, increases the 
crack growth rates but the Paris law exponent is not changed. Increasing 
the yield strength increases the crack growth rates by increasing the Paris 
law exponent. The same effect is achieved by increasing the potential in 
the cathodic direction. There are no data on the effect of waveform on 
crack propagation in the Paris region. 
• In the plateau region, the crack growth rates are increased by decreasing 
the frequency and increasing the temperature. The crack growth rates are 
independent of stress ratio in NaCl but in seawater increasing the stress 
ratio increases the crack growth rates. Increasing the yield strength 
enhances crack propagation. As the electrode potential becomes more 
cathodic the crack growth rates decrease slightly initially and then 
increase. A waveform with a gradually rising load produces higher crack 
growth rates than one with a rapidly rising load. 
• The external surface is predicted to be the dominant source of hydrogen 
atoms below -900 mV(SCE) and this introduces concerns about the 
reliability of much of the existing crack growth data under these 
conditions. The timescale of a test in the laboratory is usually too short 
to ensure steady state hydrogen charging so the crack growth rates may 
be non-conservative. When bulk charging is dominant, the effects of the 
variables summarised above may be different under steady state charging 
conditions. 
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The models of corrosion fatigue in the literature predict the effects of 
parameters such as frequency on crack growth rates. However, the 
models are Limited to describing the effects of specific variables and are 
not applicable to a range of values of AK. 
The models cannot make absolute predictions of corrosion fatigue crack 
growth rates. 
The models are based on the assumption that the rate controlling step is 
either the production of hydrogen at the crack tip or the diffusion of 
hydrogen ahead of the crack tip. 
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Fig. 4.3 Effect of frequency on the cyclic crack growth rates in the Paris 
region for low alloy steels in 3% NaCl at -1000 mV(SCE)®^ 
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Fig. 4.4 Effect of frequency on the plateau crack growth rates of API-2H 
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141 





•o 1 0 " ! = 
: # 0.017Hz 
- + 0.033 Hz 
O 0.083 Hz 
O 0.17Hz 
a 0.33 Hz 
X 0.83 Hz 
10 -8 I III! i I I I I M M 
5 10 50 100 
^Keont( r = o.5) (MPa ) 
Fig. 4.5 Effect of frequency on the corrosion fatigue crack growth rates of a 
low alloy steel in artificial seawater at -1200 mV (SCE)^ * 
I ( H Z ) 






— I i I I I I I "1 i i F T 











Fig. 4.7 Effect of the loading wave on the corrosion fatigue crack growth rate 








(b) Stress rat io =0.1 
Fig. 4.8 Schematic illustration of the extent of stress corrosion cracking 
during a loading cycle for (a) R=0.1 and (b) R=0.8. 
143 
Intensity Factor Range (AK), ksi \ / l n . 
4 6 810 20 40 60 80100 
-S 10-3-
z 




SM.T . Z# r o r t h T l M . 
• Mao « 
• • • o r 
• • • 0 09 COfSTMT LOifi 
2 4 6 810 20 40 6080100 
Stress Intensity Factor Range (AK), MPaVln 
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Fig. 4.10 Effect of stress ratio on the threshold stress intensity, AK ,^, of 
BS4360 SOD steel in seawater at tiie free corrosion potential® 
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Fig. 4.20 Comparison of current densities on the external surface, crack walls 





Fig. 4.21 Effect of coating on the crack velocity of AISI 410 stainless steel in 
NACE solution under static load^ 
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Fig. 4.22 Effect of coating on the fatigue crack growth rates of a low alloy 
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Fig. 4.23 Corrosion fatigue crack growth rate of API-2H steel in 3% NaCl 
correlated with the crack tip current density^ 
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Fig. 4.24 Experimental crack growth rates of AK of 30.6 MPam^ for a range 
of temperatures^"^. The solid lines represent the predictions of the model. 
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5. CORROSION FATIGUE 
It is evident from the review of the literature in section 4.4 that there is 
experimental evidence to suggest that the external surface of the specimen can 
be the dominant source of hydrogen atoms. However, there is no work that 
clearly demonstrates the importance of hydrogen uptake at the external surface. 
The prediction that the external surface can be the dominant source of hydrogen 
atoms has important implications for corrosion fatigue testing. Therefore, it is 
important to identify the range of material-environment systems for which 
hydrogen ingress at the external surface is significant. The aim of this study was 
to determine experimentally the importance of bulk charging of hydrogen for 
three low alloy steels with a range of strength levels. 
The environmental and loading conditions chosen for the corrosion fatigue tests 
relate to offshore structures in the North Sea. The'tests were conducted in 
3.5% NaCl at an applied potential of -1100 mV(SCE). As the aim of this work 
was to determine the importance of bulk charging, NaCl solution was used in 
preference to seawater to eliminate complications due to calcareous scales. 
Offshore structures are cathodically polarised at -850 mV(SCE) but potentials as 
negative as -1000 mV(SCE) have been measured in areas close to the anodes''^. 
Most of the early corrosion fatigue testing was conducted at a potential of 
-850 mV(SCE)^°^ but recently there has been a move to conduct tests at 
-1100 mV(SCE) to measure crack growth rates under the most severe charging 
conditions that may be experienced in practice^° .^ A frequency of 0.167 Hz was 
used which is the average frequency of waves in the North Sea^ °®. 
5.1 EXPERIMENTAL METHOD 
The materials used were AISI 4340, BS4360 SOD and 3.5% Ni-Cr-Mo-V steels. The 
composition of the AISI 4340 steel in mass% was Ni-1.82, Cr-0.77, Mn-0.75, 
C-0.43, Mo-0.25, Si-0.30, P-0.02, S-0.01, balance Fe. It was supplied in the form 
of a bar of 75 mm diameter and heat treated at 840 °C for 1 hour, oil quenched, 
then tempered at 550 °C for 1 hour, followed by an air cool to give a 0.2% proof 
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stress of 1209 MPa and an UTS of 1263 MPa. The microstrcuture was martensitic. 
The details of BS4360 SOD and 3.5% Ni-Cr-Mo-V steels are given in section 3.1. 
The mechanical properties of the three alloys are summarised in Table 5.1. 




AISI 4340 1209 1263 
BS4360 50D 366 529 
3.5% Ni-Cr-Mo-V 893 978 
Table 5.1 Mechanical properties of AISI 4340, BS 4360 50D and 
3.5% Ni-Cr-Mo-V steels 
Compact tension specimens were used with the geometry shown in Fig. 5.1. For 
AISI 4340 and BS4360 50D steels, the width of the specimen, W, was 44 mm and 
the thickness, B, was 22 mm. The specimens of 3.5% Ni-Cr-Mo-V steels had to 
be smaller due to the dimensions of the parent material. The width, W, of the 
specimens was 35 mm and the thickness, B, was 15 mm. The AISI 4340 
specimens were prepared from a bar of material with the plane of the crack 
perpendicular to the extrusion direction. The BS4360 50D specimens were 
manufactured from a plate with the plane of the crack perpendicular to the 
rolling plane. For 3.5% Ni-Cr-Mo-V steel, the plane of the crack was 
perpendicular to the forging direction. 
The specimen surface was finely ground except for a central area which was 
diamond polished to allow visual measurement of the crack length. Pre-cracking 
was conducted in air and the load was gradually reduced, according to the 
standard BS 6835, until the value of was less than or equal to the initial 
value required for the corrosion fatigue experiment. The pre-crack was grown 
for at least 0.5 mm at this final load condition. 
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A schematic diagram of the apparatus for corrosion fatigue testing is shown in 
Fig. 5.2. The specimen was contained in a perspex cell through which the test 
solution was pumped from a 25 litre reservoir, giving an approximate linear 
flow velocity past the specimen of 1.6 x 10'^  cm s'\ The temperature of the 
solution was controlled at 22 ± 1 °C and the pH at 8.5 ± 0.2 during the test. The 
potential of the specimen was controlled by a potentiostat with a large platinum 
anode as a counter electrode. Chlorine, resulting from the oxidation of chloride 
ions, is a product of the anodic reaction, and it is essential that this is 
maintained at a very low concentration to avoid influencing reactions on the 
steel. To achieve this, the cell was divided into two compartments separated by 
fritted discs. The solution in the compartment containing the counter electrode 
was vigorously aerated to expel the chlorine. 
The specimen was loaded on a servo-fatigue machine with acetal sleeves and 
Tufnol inserts used to provide insulation from the epoxy-coated grips and pins. 
3.5 wt% NaCl solution, prepared from Analar grade reagents in distilled water, 
was then pumped through the cell. A cathodic potential of -1100 mV (SCE) was 
applied on immersion of the lower part of the specimen. A sinusoidal loading 
wave with a frequency of 0.167 Hz and a stress ratio of 0.25 was applied as soon 
as the notch was immersed. The stress ratio was a compromise between a low 
value which would result in crack closure and a high value which would lower 
the value of AK at which stress corrosion cracking occurs. The tests in air were 
conducted at a frequency of 50 Hz and the relative humidity was 43%. 
The crack length was measured using a four probe DC potential drop technique. 
The positions of the connections, Fig. 5.3, were chosen to optimise the sensitivity 
of the system. The crack length can be calculated from the ratio V^/Vy using a 
theoretical calibration curve^°^ which was confirmed using a foil slitting 
technique. 
Specimens were pre-exposed in aerated, 3.5 wt% NaCl of pH 8.5 and polarised 
at -llOOmV(SCE). On removal from solution after pre-exposure, the specimens 
were immediately cleaned ultrasonically in ethanol for 30 minutes. The corrosion 
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fatigue test was then set up within 5 hours. 
The external surfaces of one AISI4340 specimen were coated with marine epoxy 
followed by silicone rubber. However, there was some uncertainty about the 
effectiveness of organic coatings in preventing hydrogen entry at the external 
surfaces and a metallic coating was used for BS4360 SOD specimen. A gold 
coating was applied to the external surfaces of a compact tension specimen using 
the sputter coating technique. 
A step loading test was conducted to measure the threshold for stress corrosion 
cracking, Kjsco of AISI 4340 cathodically polarised at -1100 mV(SCE) in 
3.5 wt% NaCl solution. A pre-cracked compact tension specimen was polarised 
in the solution and a constant load was applied. The load was raised daily to 
produce an increase of 2 MPam^ in the stress intensity factor. The minimum 
increase in and Vy that can be resolved is 1 pV which corresponds to an 
increase in crack length of 0.08 mm. Therefore, for this particular test crack 
growth rates lower than 10"^  mms'^ were not resolved because of the short hold 
times at specific loads. 
5.2 RESULTS 
A typical plot of the crack length vs. the number of cycles is shown in Fig. 5.4. 
The crack growth rates were calculated using either the secant or the incremental 
polynomial method. One set of data was analysed using both the secant and the 
incremental polynomial methods to demonstrate that the two methods give 
equivalent results. 
The values of AK were calculated using the expression: 
AK = (111) 
B 
where AP = Pmax - Pmin, B is the thickness of the specimen, W is the width of 
the specimen and Y is the compliance of the specimen. 
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Y . f ( A ) (112) 
The values of Y are tabulated in BS 6835. The crack length used in the 
calculation was the mean crack length for the interval of crack growth. 
The results of the various corrosion fatigue tests are summarised in the crack 
growth curves in Figs. 5.6, 5.8 and 5.10 with the dashed and dotted lines 
indicating occasions when the cyclic loading was unintentionally stopped. These 
interrupt periods were less than 24 hours. During this time the applied load was 
less than 1 kN so no crack growth occurred. The results for the three alloys are 
now discussed in detail. 
5.2.1 AISI4340 
The value of K^cc for AlSl 4340 steel in 3.5 wt% NaCl at a potential of 
-1100 mV(SCE) was 22 MPam^^ .^ The plot of da/dt vs.K is shown in Fig. 5.5. The 
corrosion fatigue tests were conducted at a stress ratio of 0.25, and hence 
is equal to when AK = 15 MPam '^'^ . 
The conventional corrosion fatigue tests in 3.5 wt.% NaCl produced crack 
growth rates similar to those in air for AK values less than 8 MPam^, Fig. 5.6, 
but in the Paris region the environment enhanced crack growth rates by up to 
an order of magnitude. At higher values of AK, the crack growth rates in 
solution were independent of AK and were increased by at least a factor of 4 
relative to air at a AK of 24 MPam^. 
Pre-exposing the specimen for 70 days enhanced the crack growth rate in the 
Paris law region by up to a factor of 3 relative to the results from the 
conventional tests (Fig. 5.6). At higher values of AK, a plateau region was 
observed and the crack growth rates were increased by a factor of 5. Pre-
exposing the specimen for 147 days had a greater effect with crack growth rates 
increased by up to a factor of 7 in the Paris law region and a factor of 6 in the 
plateau region. It is readily demonstrated using for example the student t test"^ 
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that despite the small number of tests the differences are statistically significant 
at a confidence level greater than 95%. 
One test involved coating the sides of the specimen with a marine epoxy 
followed by silicone rubber to limit hydrogen entry. However, in practice this 
did not affect the crack propagation behaviour (Fig. 5.6). 
The crack fronts were marked at the end of the tests. The test in air produced 
a slightly concave crack front whereas the tests in solution resulted in convex 
shaped crack fronts ie the crack length was greater towards the sides of the 
specimen. The final crack lengths were measured at five equally spaced points 
across the thickness of the specimen and the values are given in Table 5.2. The 
draft ISO standard for corrosion fatigue testing specifies that the maximum and, 
minimum values of the crack length shall not differ by more than 10% of the 
average crack length but this requirement was not met by the specimens from 
the Kjscc test and the 4 day test. The DC potential drop technique measures the 
crack length across the thickness of the specimen and therefore the 
measurements are average values. The stress intensity factor range, AK, will also 
v a r y t h r o u g h t h e t h i c k n e s s o f t h e s p e c i m e n . 
The tests with pre-exposed specimens were not halted before unstable fracture 
because the crack growth rates were higher than anticipated. As a result the 
shape of the crack front was not observed. 
The time to develop a steady state concentration of hydrogen in a 22 mm thick 
specimen of AISI 4340 is 118 days (section 3.3.3). The distribution of hydrogen 
in a specimen after exposure periods of 28 and 70 days is shown in Fig. 5.7. Pre-
exposure for 147 days increased the crack growth rates by up to a factor of 7 in 
the Paris region and a factor of 6 in the plateau regime. Tumbull and Saenz de 
Santa Maria^ proposed that the timescale for pre-charging could be estimated as 
1 = 0.38, where t is defined as Defft/L^ and L is the half-tiiickness of the 
specimen. This value is arbitrary but was chosen because it results in a 
concentration of hydrogen at the centre of the specimen of O.SCq for conditions 




Final crack length (mm) 
0 0.25 B 0.5 B 0.75B B 
air < 1 29.90 30.68 30.58 30.25 29.10 
uncoated 4 26.93 25.43 25.27 27.75 30.41 
uncoated 28 31.22 30.46 29.12 29.58 30.18 
coated 20 34.23 32.09 31.67 32.31 34.87 
Kiscc 10 30.01 28.57 24.14 30.84 32.79 
Table 5.2 Final crack length measured through the thickness of AISI 4340 
specimens 
The convex crack front shapes observed for the uncoated and coated specimens 
are consistent with bulk charging of hydrogen. The shape of the crack front 
shows that the crack growth rates must have been greater at the sides of the 
specimen than in the centre. This suggests that the concentration of hydrogen 
was greater near the sides of the specimen. If the external surface of the 
specimen is the dominant source of hydrogen atoms and the duration of the test 
is short with respect to the timescale for hydrogen diffusion, the concentration 
of hydrogen atoms may be increased close to the sides of the specimen. The 
predicted distribution of hydrogen in the specimen after a 28 day test is shown 
in Fig. 5.7. The concentration of hydrogen at the external surface is an order of 
magnitude greater than at the centre of the specimen which is consistent with 
the convex crack front shape. An alternative explanation for this effect is that 
mass transport through the sides of the crack resulted in a variation in the crack 
tip potential across the thickness of the specimen. The potential may have been 
more cathodic at the sides of the specimen than at the centre and consequently 
the rate of generation of hydrogen atoms may have been greater near the sides. 
Comparison of the crack front shapes for the two uncoated specimens shows 
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that the degree of curvature was greater for the shorter test. However, the 
duration of the test would not affect the potential at the crack tip. Therefore, the 
convex crack front shape is probably a result of bulk charging. As the duration 
of the test is increased, the difference in the concentration of hydrogen between 
the centre and the edge of the specimen is diminished. It would be interesting 
to observe the crack front shape of a pre-exposed specimen of AISI 4340 as it 
would be predicted to be straight or slightly concave. 
When bulk charging is the dominant source of hydrogen atoms, coating the 
sides of the specimen might be expected to decrease the crack growth rates. In 
fact, coating the specimen did not affect the crack propagation behaviour and 
there are two possible explanations for this result. The amount of hydrogen that 
enters the specimen through the external surface during a test may be too small, 
to enhance crack growth rates. The duration of the test was 20 days which 
corresponds to a x value of 0.08, Fig. 5.7. An alternative explanation is that the 
epoxy coating did not act as an effective barrier to hydrogen entry. The diffusion 
coefficient of water through epoxy is of the order of 10^ cm s ' ^ a n d therefore 
the time to achieve a steady state concentration through a coating of thickness 
0.1 mm is about 1 day. Certainly, the decrease in total current to the 
specimen (25%) was much smaller than anticipated based on a relative coated 
area of 65%. The coated specimen produced a convex crack front similar to the 
observations from the conventional tests indicating some hydrogen uptake at the 
sides of the specimen. 
5.2.2 BS4360 50D 
The results of the corrosion fatigue tests for BS4360 50D steel are shown in 
Fig. 5.8. The conventional tests in 3.5% NaCl produced crack growth rates up to 
20 times greater than those in air at values of AK below 10 MPam^. At higher 
values of AK, a plateau region was observed with crack growth rates increased 
by at least a factor of 30 relative to air at a value of AK of 24 MPam^. 
The crack growth rates of the specimens pre-exposed for 59 and 60 days were 
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increased by up to a factor of 4 relative to the conventional tests at a value of 
AK of 11 MPam^ but there was no effect for the specimen pre-exposed for 
111 days. In the plateau region, there was no consistent influence of pre-
exposure on plateau crack growth rates. The data for the specimen pre-exposed 
for 60 days should not be given much weight as the test was interrupted for a 
considerable period. 
The final test involved coating the external surfaces of the specimen with gold 
to limit hydrogen entry during the test but this did not affect the crack 
propagation behaviour. 
The repeatability of the data was poor reflecting perhaps the variability in this 
heavily banded pearlite structure. The results indicate that pre-exposure may. 
have an effect on the crack growth rates of BS4360 SOD at values of AK below 
13 MPam^ but the scatter in the data obscured the magnitude of the effect. The 
contrast with the behaviour of AISI 4340 steel may be due to the difference in 
the diffusion coefficients, 9.7 x 10 " mV^ for BS4360 SOD compared to 
9.0 X 10"^ ^ m s^'^  for AISI 4340. Hence, the time to charge a compact tension 
specimen to steady state is 12 days for BS4360 SOD relative to 118 days for 
AISI 4340 steel. Therefore, the timescales of the conventional tests with durations 
of 21 and 42 days would have been sufficiently long to allow diffusion of 
hydrogen through the specimen for BS4360 SOD. The 4 day test was not 
sufficiently long to allow a steady state concentration of hydrogen to develop 
and the predicted concentration profile of hydrogen in the specimen is shown 
in Fig. 5.9. Coating the surfaces of the specimen with gold was designed to 
decrease hydrogen uptake as the solubility of hydrogen in gold is very low. The 
results for the 4 day test and the coated specimen were similar to those in the 
longer term tests indicating that the difference in hydrogen content resulting 
from bulk charging is insufficient to significantly affect the corrosion fatigue 
behaviour of BS4360 SOD. 
In contrast to the other steels, all the BS4360 SOD specimens had concave crack 
fronts. This would be expected for the longer tests as there was sufficient time 
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to develop a constant concentration of hydrogen through the thickness of the 
specimen. The fact that a concave crack front was observed in the 4 day test 
indicates that the increased hydrogen content at the external surfaces resulting 
from bulk charging did not have a significant effect on crack growth rates. 
There are no corrosion fatigue data in the literature obtained under identical 
testing conditions. The crack growth rates are similar to those measured by 
Scott^ for BS4360 SOD in seawater at -1100 mV (Ag/AgCl) at a frequency of 
0.1 Hz and a stress ratio of 0.5. However, the crack growth rates measured in air 
in the present study are about a factor of 2 lower than those measured by Scott. 
5.2.3 3.5% Nl-Cr-Mo-V 
The results of the corrosion fatigue tests for 3.5% Ni-Cr-Mo-V steel are shown 
in Fig. 5.10. The conventional corrosion fatigue test in 3.5% NaCl produced crack 
growth rates up to 20 times greater than those in air. In contrast to AISI 4340, 
the crack growth rates were strongly dependent on AK for the range of values 
tested. 
A test was conducted with a specimen pre-exposed for 126 days but the test had 
to be terminated prematurely due to experimental difficulties. As a result the 
data for this test are very limited and at low values of AK. The crack growth 
rates were higher for the pre-exposed specimen than for the conventional test. 
The crack growth rates of the specimen pre-exposed for 384 days were increased 
by about a factor of 4 at all values of AK relative to the conventional tests. 
The crack front of the specimen tested in air was concave but the crack fronts 
of the specimen from the conventional test and the specimen pre-exposed for 
126 days were convex ie the crack length was greater towards the sides of the 
specimen. This is consistent with the observations for AISI 4340 steel implying 
a greater concentration of hydrogen near the external surfaces induced by bulk 
charging. The test with the specimen which had been pre-exposed for 384 days 
was not halted before unstable fracture and consequently the shape of the crack 
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front was not observed. 
The limited data suggest that pre-exposure enhances crack growth rates. 
However, further data are required to confirm that the increased crack growth 
rates were due to pre-exposure rather than scatter in the data. 
5.3 DISCUSSION 
5.3.1 Comparison of AISI 4340, 3.5% Ni-Cr-Mo-V and BS4360 50D steels 
The results for AISI 4340 demonstrate that hydrogen uptake from the surface 
external to the crack significantly increases crack growth rates and the 
preliminary results for 3.5% Ni-Cr-Mo-V steel support this conclusion. This effect 
can be explained by bulk charging of hydrogen but it is important to consider 
alternative mechanisms that could produce enhanced crack growth rates. 
Hydrogen may enter the material at the crack tip during the pre-charging 
period. There is no load on the specimen so there is no strain-induced film 
disruption to enhance the crack tip reaction. The pre-crack is extremely narrow 
because of compressive forces due to unloading and the consequence would be 
a highly alkaline pH solution and a significant potential drop. Both of these 
factors decrease the rate of generation of hydrogen atoms and the cathodic 
current density at the crack tip is too small to explain the effect of pre-exposure. 
Therefore, the results for AISI 4340 confirm the prediction that the external 
surface of the specimen is an important source of hydrogen atoms at 
-1100 mV (SCE). 
Pre-exposure may have an effect on the crack growth rates of BS4360 SOD at 
values of AK below 13 MPam^ but the scatter in the data obscured the 
magnitude of the effect. In contrast to AISI 4340 and 3.5% Ni-Cr-Mo-V steels, 
there was no significant effect of pre-exposure on the crack growth rates of 
BS4360 SOD steel in the plateau region. The data from the permeation tests 
conducted in 3.5% NaCl solution at a potential of -1100 mV(SCE) demonstrated 
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that hydrogen uptake is similar for the three steels. Therefore, AISI 4340 steel is 
more sensitive to the hydrogen content of the material BS4360 SOD steel. The 
sensitivity to hydrogen may be related to the number of reversible trap sites 
which are occupied. The hydrogen content at reversible trap sites, Q, can be 
estimated using equation (36). This is a simplified approach as it accounts for 
hydrogen entry only at the external surfaces of the specimen. Although the Q 
values were similar for the three steels, there was an order of magnitude 
difference in the total hydrogen content (Table 5.3) which reflects the different 
extent of trapping in the alloys. The magnitude of the effect of pre-exposure is 
not related simply to the total hydrogen content but reflects the sensitivity of the 





AISI 4340 6.9 X 10"^  3.3 X 10'^  
3.5% Ni-Cr-Mo-V 7.6 X 10-" 8.8 X 10'^  
BS4360 50D 8.7 X 10^ 4.0 X 10-2 
Table 5.3 Values of the steady state concentration of hydrogen in the lattice 
(Co) and the total hydrogen content (CJ, ie lattice and reversibly 
trapped hydrogen, for AISI 4340, 3.5% Ni-Cr-Mo-V and 
BS4360 SOD steels at a potential of about -1100 mV(SCE) in aerated 
3.5% NaCl of pH 8.5 
5.3.2 Interpretation of corrosion fatigue data 
The corrosion fatigue data for low alloy steels in marine environments was 
reviewed in section 4.1 and conclusions were drawn about the influence of 
variables such as frequency, stress ratio, strength level on corrosion fatigue crack 
growth rates. However, there were no data for pre-exposed specimens which 
may exhibit different behaviour. To illustrate this point, the effect of strength 
level on the corrosion fatigue crack growth rates of pre-exposed specimens will 
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be evaluated and compared with the results from conventional tests. 
The crack growth rates for AISI 4340, 3.5% Ni-Cr-Mo-V and BS4360 SOD steels 
measured in conventional tests are compared in Fig. 5.11. For clarity, only one 
set of data for each material is shown. The crack growth rates were similar for 
AISI 4340 and BS4360 SOD steels at AK values above 13 MPam^ but slightly 
lower for the 3.5% Ni-Cr-Mo-V steel. Krishnamurthy et al®^  have suggested 
previously that the plateau crack growth rates measured in conventional 
corrosion fatigue testing of a low alloy steel cathodically protected in NaCl 
solution are only weakly dependent of the strength of the material. The 
corrosion fatigue crack growth rates of pre-exposed specimens of AISI 4340, 
3.5% Ni-Cr-Mo-V and BS4360 SOD steels are shown in Fig. 5.12. This suggests 
that the plateau crack growth rate may depend on the strength level although, 
other factors such as microstructure and composition have to be considered. 
When corrosion fatigue tests are short with respect to the timescale for hydrogen 
transport the crack growth rates may reflect the extent of hydrogen charging and 
this may mask the effects of variables such as yield strength. 
Comparison of Figs. 5.11 and 5.12 illustrates that the time dependent nature of 
hydrogen transport must be taken into account when interpreting data from 
tests conducted under non-steady-state conditions with respect to hydrogen 
uptake. Under these conditions, variations in the resistance of cracking of 
different alloys may reflect the extent of hydrogen ingress within the period of 
the test. Since the diffusivity of hydrogen depends on the environmental 
conditions, the extent of hydrogen ingress must also be considered when 
evaluating the effect on crack growth rates of the environment, potential and 
temperature. Similarly, the results of tests conducted at different frequencies 
may reflect the extent of bulk charging during the test since tests conducted at 
lower frequencies tend to be longer allowing more time for hydrogen transport. 
5.3.3 Implications for EAC testing 
The effect of long term pre-exposure on corrosion fatigue crack growth rates has 
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significant implications for designing laboratory tests. The only approach 
acceptable is to pre-expose the specimen prior to testing for a period sufficiently 
long to ensure a steady-state concentration of hydrogen. The exposure time can 
be estimated approximately using the expression t= where L is the half-
thickness of the specimen, t is time and Dg^ is the effective diffusivity relevant 
to the test environment. This approach overestimates the pre-exposure period 
when trap occupancy is significant but provides a useful and conservative 
estimate in the absence of rigorous diffusion-trapping models. 
The pre-exposure period can be minimised by using the thinnest specimen that 
meets the requirements for linear elastic fracture mechanics. The requirement for 
plane strain conditions is 
B > 2.5{—f (113) 
S 
For example for AISI 4340 steel a specimen of 3 mm thickness could have been 
used with a corresponding charging time of 5 days. 
The results for AISI 4340 steel demonstrated that bulk charging can significantly 
increase corrosion fatigue crack growth rates. This effect may also be important 
for stress corrosion testing. The ISO standard"^ for measuring Kg^c specifies that 
the test duration should be 10000 hours for low alloy steels. This long induction 
time may be associated with diffusion of hydrogen through the thickness of the 
specimen. 
5.3.4 Importance of bulk charging 
The results of the corrosion fatigue tests demonstrate that hydrogen ingress at 
the external surface can significantly enhance crack growth rates. However, the 
entire range of materials and environmental conditions for which long term 
exposure will enhance corrosion fatigue crack growth rates has not been 
established. Nevertheless, it is useful to provide some guidance for testing based 
on this study. The results demonstrate that the impact of hydrogen uptake at the 
external surface on the crack growth rates of low alloy steels depends on the 
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strength of the material. For steels with a yield strength below 370 MPa, the 
effect of long term exposure on corrosion fatigue crack growth rates in 
3.5% NaCl at -1100 mV(SCE) would not appear to be significant. For higher 
strength steels, the effect of pre-exposure is significant at -1100 mV(SCE) and 
tests should be designed to account for this. 
The effect of pre-exposure will depend on the potential. As the potential 
becomes more cathodic, the difference between the cathodic current density at 
the crack tip and at the external surface increases. Fig. 4.20, and hence hydrogen 
uptake at the external surface becomes more significant. Further tests should be 
conducted at potentials less cathodic than -1100 mV(SCE) to estimate the 
importance of pre-exposure under these conditions. 
The effect of long term pre-exposure will depend on the pH of the solution. As 
the pH becomes more acidic the cathodic current density on the external surface 
increases and consequently bulk charging of hydrogen becomes more significant. 
In most practical applications, the environment is seawater rather than 
3.5% NaCl and calcareous scales form on the external surface of the specimen. 
The effect of long term pre-exposure in seawater will depend on whether 
calcareous scale affects the cathodic current density and the absorption of 
hydrogen atoms. The scale does not form a strongly adherent film and would 
therefore not be expected to influence the kinetics of the reactions at the surface. 
Francis"^ has compared the cathodic current of steel cathodically polarised in 
NaCl and seawater over a 30 day period. The currents were similar in the two 
environments demonstrating that the formation of calcareous scale does not 
affect the kinetics of the cathodic reaction. Cottis"^ has conducted permeation 
tests of low alloy steels in seawater and concluded that the calcareous scale did 
not influence hydrogen uptake. Lucas and Robinson observed that the hydrogen 
uptake of BS4360 50D steel was greater in seawater than NaCl. This would 
indicate that long term pre-exposure in seawater will enhance crack growth rates 
and this should be accounted for in designing corrosion fatigue tests. 
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The effect of pre-exposure will be more pronounced in environments containing 
H2S. The HgS is consumed on the walls of the crack and consequently the 
concentration at the tip of the crack is low. As HjS acts as a poison enhancing 
hydrogen uptake, hydrogen uptake will be greater on the external surfaces of 
the specimen than at the crack tip even under free corrosion conditions. 
Mechanical parameters such as AK and stress ratio have only a modest effect on 
the crack tip current density and therefore would not be expected to affect the 
importance of bulk charging. The time averaged current density at the crack tip 
increases as the frequency increases suggesting that the effect of bulk charging 
will be greater at lower frequencies. However, this may not be observed in 
practice because tests at lower frequencies tend to be longer allowing hydrogen 
entry at the external surfaces during the timescale of the test. 
5.3.5 Models of corrosion fatigue craclting 
The existing models of corrosion fatigue account for hydrogen uptake only at the 
crack tip. It is apparent from the results of the corrosion fatigue tests with pre-
exposure that any attempt to develop predictive models of crack growth rates 
should account for the time-dependent uptake of hydrogen from the external 
surface as well as from the crack tip. Pre-exposure may alter the rate 
determining step for corrosion fatigue cracking. Models of corrosion fatigue 
cracking are based on the assumption that the rate controlling process is either 
production of hydrogen at the crack tip or diffusion of hydrogen ahead of the 
crack tip. However, for pre-exposed specimens, the rate controlling factors are 
less obvious. 
The corrosion fatigue crack growth rates of pre-exposed specimens of AISI4340 
and BS4360 SOD steels were independent of AK at intermediate values of AK. 
The conventional corrosion fatigue tests also had a plateau region. Wei^ °^ 
proposed that the crack growth rate in the plateau region is limited by the 
amount of hydrogen entering the material at the crack tip. However, for a pre-
exposed specimen the hydrogen is present in the material at the start of the test 
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so the crack growth rate should not be controlled by electrochemical processes 
occurring at the crack tip. The alternative explanation for the plateau region is 
that crack growth rates are limited by the distance hydrogen diffuses ahead of 
the crack tip. For a pre-exposed specimen hydrogen does not have to diffuse 
ahead of the crack tip because the hydrogen profile in the specimen has 
developed prior to testing. A possible explanation for the observation of a 
plateau region for pre-exposed specimens is that the rate controlling step is the 
redistribution of hydrogen. Although hydrogen is present in the material before 
testing, the hydrostatic stress at the crack tip alters the equilibrium distribution 
of hydrogen in the material. The potential well associated with a lattice site is 
deeper in the presence of hydrostatic stress because there is more space between 
the atoms and hence the interstice is larger. Dislocations are produced by the 
localised strain at the crack tip and these act as trap sites. When a cyclic stress. 
is placed on a pre-exposed material the hydrogen at the crack tip has to diffuse 
to the region of hydrostatic stress to fill the newly created trap sites. As the 
crack grows the region of hydrostatic stress moves forward ahead of the crack 
tip and new dislocations are created. The plateau crack growth rate for pre-
exposed specimens may be controlled by the distance the hydrogen can diffuse 
ahead of the crack tip as the crack advances. This idea could be tested by 
investigating the effect of frequency on the fatigue crack growth rates of pre-
exposed specimens. 
5.3.6 Relevance of bulk charging to short crack growth 
This study has focused on the behaviour of long cracks, typically longer than 
3 mm. For many applications such as welded joints, life prediction is based on 
the crack growth rates of long cracks because cracks develop from pre-existing 
flaws in the material. However, for smooth components a significant fraction of 
the lifetime may be concerned with the nucleation and initial growth of cracks. 
In recent years much of the work on fatigue has been concerned with 
characterising the growth of short cracks, typically less than 2 mm in length. In 
benign environments, the effect of crack length and stress level on crack growth 
rates carmot be described by a single parameter, AK. Short cracks propagate at 
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higher crack growth rates than would be predicted based on the crack growth 
rates of long cracks at similar values of AK. The enhanced crack growth rates of 
short cracks are considered to be due to reduced crack closure. Crack closure is 
a result of the rough crack surface. The crack growth rates of long and short 
cracks are described by the stress intensity factor if this is corrected to account 
for crack closure. 
Corrosion fatigue crack growth rates are also higher for short cracks than for 
long cracks. Gangloff^^ reported that for a high strength martensitic steel in 
3% NaCl cracks of 0.1 to 2 mm length had crack growth rates one to two orders 
of magnitude higher than conventional long cracks. Fig. 5.13. The crack growth 
rates measured in air were independent of the crack length. The data in the 
literature on the corrosion fatigue behaviour of short cracks are limited but the. 
work does indicate that the magnitude of the short crack effect increases as the 
yield strength of the material increases. For BS4360 SOD steel with a yield 
strength of 370 MPa, crack growth rates are increased by a factor of 3 whereas 
for AISI 4340 steel with a yield strength of 1330 MPa crack growth rates are 
increased by orders of magnitude^''. The crack length will affect the electrode 
potential and chemistry of the solution at the tip of crack. Tumbull and Ferriss"* 
have modelled the chemistry at the tip of short cracks under cyclic loading and 
predicted that production of hydrogen is enhanced for short cracks. This will 
obviously increase crack growth rates with a greater effect observed for higher 
strength steels which are more sensitive to the hydrogen content. Hydrogen 
uptake at the external surface may also contribute to the enhanced crack growth 
rates of short cracks since the distance for hydrogen diffusion is shorter. 
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5.4 CONCLUSIONS 
• Pre-exposure of AISI 4340 steel in 3.5% NaCl at a potential of 
-1100 mV(SCE) for 21 weeks prior to testing increased the corrosion 
fatigue crack growth rates by up to a factor of 7 relative to results from 
conventional tests with a 4 week duration. 
• Pre-exposure of 3.5% Ni-Cr-Mo-V steel in 3,5% NaCl at a potential of 
-1100 mV(SCE) for 55 weeks prior to testing increased the corrosion 
fatigue crack growth rates by up to a factor of 4 relative to results from 
a conventional test which lasted 4 weeks. 
• There was some indication of an effect of pre-exposure on the corrosion 
fatigue crack growth rates of BS4360 50D in 3.5% NaCl at a potential of 
-1100 mV(SCE) at values of AK below 13 MPam^ but the scatter in the 
data prevented a definitive conclusion. 
• The hydrogen atoms generated on the external surface of the specimen 
can influence the fatigue crack growth rates of low alloy steels in 
3.5 wt% NaCl at an applied potential of -1100 mV(SCE). The magnitude 
of the effect depends on the sensitivity of the material to hydrogen 
content. 
• The effects of long term pre-exposure must be considered in EAC testing. 
For conditions where hydrogen uptake at the external surface of the 
specimen is important, the specimens should be pre-exposed prior to 
testing to allow a steady-state concentration of hydrogen to develop in the 
specimen. 
• The crack growth rates measured in conventional tests were broadly 
similar for AISI 4340, 3.5% Ni-Cr-Mo-V and BS4360 50D steels. The crack 
growth rates of specimens pre-exposed before testing were comparable for 
3.5% Ni-Cr-Mo-V and BS4360 50D steels but up to a factor 4 greater for 
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AISI 4340 steel. 
The time dependent nature of hydrogen uptake should be considered 
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Fig. 5.2 Corrosion fatigue testing apparatus 
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Fig. 5.5 Crack velocity of AISI 4340 steel in 3.5wt.% NaCl at -1100 mV (SCE) 
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Fig. 5.6 Effect of pre-exposure on the corrosion fatigue crack growth rates 
of AISI 4340 steel in 3.5% NaCl at a potential of -1100 mV (SCE) 
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Fig. 5.7 Distribution of hydrogen in a compact tension specimen of 
AISI 4340 steel after pre-exposure for 28 days and for 70 days in 
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Fig. 5.8 Effect of pre-exposure on the corrosion fatigue crack growth rates 
of BS4360 SOD steel in 3.5% NaCl at a potential of -1100 mV (SCE) 
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Fig. 5.9 Distribution of hydrogen in a compact tension specimen of 
BS4360 50D steel after 4 days exposure to 3.5% NaCl at a potential 
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Fig. 5.10 Effect of pre-exposure on the corrosion fatigue crack growth rates 
of 3.5% Ni-Cr-Mo-V steel in 3.5% NaCl at a potential of 










1 0 • 
^ a 
















* AISI 4340 
+ 3.5% Ni-Cr-Mo-V 
X BS4360 SOD 
3.5% NaCI 
A AISI 4340 
o 3.5% Ni-Cr-Mo-V 











Fig. 5.11 Comparison of crack growth rates measured in typical 
conventional tests for AISI 4340,3.5% Ni-Cr-Mo-V and BS4360 SOD 
steels in aerated 3.5% NaCl of pH 8.5 at a potential of 
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Fig. 5.12 Comparison of crack growth rates of pre-exposed specimens of 
AISI 4340, 3.5% Ni-Cr-Mo-V and BS4360 50D steels in aerated 
3.5% NaCl of pH 8.5 at a potential of -1100 mV (SCE) with a 
frequency of 0.167 Hz and a stress ratio of 0.25 
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Fig. 5.13 Effect of crack size on the corrosion fatigue crack growth rates of 
AISI 4130 steel in 3% NaCl^ 
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6. CONCLUSIONS 
Hydrogen transport was characterised in BS4360 SOD and 3.S% Ni-Cr-Mo-V 
steels using the electrochemical permeation technique. The effective diffusivities 
of the two alloys in 3.S% NaCl at a potential of -1100 mV(SCE) varied by a factor 
of 40, with BS4360 SOD and 3.S% Ni-Cr-Mo-V steels having values of 
9.7 X 10 " mV^ and 2.0 x 10"^ ^ mV^ respectively. 
The time to charge a 25 mm thick compact tension specimen to steady state in 
3.S% NaCl solution at a potential of -1100 mV(SCE) is 16 days for BS4360 SOD 
steel compared to 1 year for 3.S% Ni-Cr-Mo-V steel. 
The hydrogen atoms generated on the external surface of the specimen can 
influence the fatigue crack growth rates of low alloy steels in 3.S wt% NaCl at 
an applied potential of -1100 mV(SCE). The magnitude of the effect depends on 
the sensitivity of the material to hydrogen content. 
Pre-exposure of AISI 4340 steel in 3.S wt% NaCl at a potential of -1100 mV(SCE) 
for 21 weeks increased the corrosion fatigue crack growth rates by a factor of 
7 in the Paris region and a factor of S in the plateau region relative to results 
from conventional tests. 
Pre-exposure of 3.S% Ni-Cr-Mo-V steel in 3.S% NaCl at a potential of 
-1100 mV(SCE) for 55 weeks prior to testing increased the corrosion fatigue crack 
growth rates by up to a factor of 4 relative to results from a conventional test 
which lasted 4 weeks. 
There was some indication of an effect of pre-exposure on the corrosion fatigue 
crack growth rates of BS4360 SOD in 3.5% NaCl at -1100 mV(SCE) at values of 
AK below 13 MPam"'^  but scatter in the data prevented a definite conclusion. 
The importance of hydrogen uptake at the external surface must be considered 
in EAC testing. For conditions where hydrogen uptake at the external surface 
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is important, the specimens should be pre-exposed for a period determined by 
measurements of the diffusivity of hydrogen. 
The effects of hydrogen uptake should be considered when interpreting the 
results of corrosion fatigue tests. The effect of variables such as yield strength 
may be misinterpreted if the impact of bulk charging is overlooked. 
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